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Abstract 
Deep cryogenic treatment (DCT) is a sub-zero treatment carried out below −125°C 
and is widely claimed to improve wear resistance in martensitic steels by the 
transformation of retained austenite to martensite during DCT and precipitation of fine 
carbides during subsequent tempering. This study attempts to understand the effect of 
DCT on the microstructural evolution of martensitic steels and correlated the observed 
findings with wear behaviour in deep cryogenically treated martensitic steels. 
 
AISI D2 tool steel is one of the most extensively studied martensitic steel subjected to 
DCT and was chosen as the material of interest for this work. The main challenge was 
to understand the microstructural evolution during DCT on such a heterogeneous and 
complex material, for example, AISI D2 tool steel is characterised by the presence of 
heterogeneously distributed primary and secondary eutectic carbides. These carbides 
present many challenges, such as difficulty in distinguishing the newly formed 
carbides during tempering, complexity in preparation of the APT sample and 
separating the influence of eutectic carbides during a wear test. Consequently, in this 
present work, a group of simplified model alloys was designed to study the 
microstructural effect of DCT alongside AISI D2 tool steel.   
 
Model alloy system was designed using predictive tools, such as Schaeffler diagram 
and martensitic start (Ms) temperature. Model alloys were designed with a simplified 
chemistry for characterisation ease and to induce varying quantities of retained 
austenite in an as-quenched state. A binary Fe-0.6C (wt.%) alloy was selected as a 
base composition with nickel (Ni) and chromium (Cr) as alloying elements to induce 
retained austenite. Eight model alloys were designed; Fe0.6C, Fe0.6C-2Ni (2Ni), 
Fe0.6C-4Ni (4Ni), Fe0.6C-12Ni (12Ni), Fe0.6C-20Ni (20Ni), Fe0.6C-4Cr (4Cr), 
Fe0.6C-7Cr (7Cr) and Fe0.6C-11Cr (11Cr). . The nickel-containing alloys were 
austenitised at 1000°C and the chromium-containing alloys were austenitised at 
1150°C for 30 minutes in an inert atmosphere followed by an immediate water quench. 
Austenitising of AISI D2 was performed at various temperatures; 980, 1020, 1040, 
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1060 and 1080°C, to create varying quantities of retained austenite in the as-quenched 
condition. 
 
Effect of cryogenic treatment on the quenched-state microstructure of model alloys 
and AISI D2 tool steels were studied in relation to change in hardness, dislocation 
density, residual stress and solute (carbon, nickel and chromium) segregation. All these 
changes during DCT were also systematically studied in relation to the amount of 
transformed retained austenite. It was found that the increase in hardness observed 
after DCT in all martensitic steel samples was associated with the increase in 
dislocation density. Increase in dislocation density in alloys with significant retained 
austenite before DCT may be the volumetric change that accompanies the 
transformation. However, increase in dislocation density in alloys with fully 
martensitic microstructure after DCT may be due to the contraction of material while 
cooling to −196°C. The strain generated during contraction may perhaps deform the 
soft regions in the heterogeneous martensite generating more dislocations in localised 
regions. However, no changes in solute (C, Cr and Ni) segregation were observed after 
DCT. The lack of complete transformation of retained austenite after DCT at −196°C 
in some alloys (12Ni, 20Ni, 4Cr, 7Cr, 11Cr and AISI D2 tool steels) were associated 
with a combination of factors, such as carbon enrichment in untransformed austenite, 
induced compressive stress in untransformed austenite, increased strength of 
surrounding martensite and increased defect density in untransformed austenite. 
 
Low temperature tempering at 200°C for 2 hours was carried out on both as-quenched 
and cryogenically treated model alloys and AISI D2 tool steels to compare the 
hardness, dislocation density, residual stress and the characteristics of precipitated 
carbides (chemical composition, size and distribution). The decrease in dislocation 
density and residual stress of martensite during tempering were similar for both 
conditions. Comparing the volume fraction of carbides using SEM microstructure 
between quenched-tempered and cryogenically-tempered samples AISI D2 tool steel 
did not reveal any difference. However, SANS analysis has revealed that the volume 
fraction and size distribution of particles precipitated during tempering was different 
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for quenched-tempered and cryogenically-tempered model alloys and AISI D2 tool 
steel samples. The particles precipitated in both conditions were iron carbides with a 
composition close to Fe3C, and other substitutional elements such as Ni and Cr did not 
partition to or from the carbides during tempering at 200°C. The increased 
precipitation nano-sized carbides during tempering of the cryogenically treated model 
alloys were associated with the increased dislocations generated during DCT. 
 
Quenched-tempered and cryogenically-tempered model alloys and AISI D2 tool steel 
samples were subjected to high-stress abrasion wear test, low stress sliding wear test 
and ball on disc sliding wear test to correlate the effect of microstructural changes that 
occurred during DCT on wear properties. A strong correlation between the amount of 
transformed retained austenite to martensite during DCT and the tribological 
behaviour was observed in martensitic steels. 
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CHAPTER – 1 
INTRODUCTION 
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1 Introduction 
1.1 Background 
A growing demand for high productivity in industries, such as machining, requires 
tough and wear resistant tool material. A microstructure consisting of dispersed 
carbides in a matrix of tempered martensite is an optimum requisite for a tough and 
wear resistant steel [1]. This may be achieved by alloy design and/or by employing 
strategic thermal treatment. Deep cryogenic treatment (DCT) is one such proposed 
thermal treatment to improve wear resistance in steels. DCT is a sub-zero treatment at 
a temperature below −125°C to optimize material characteristics [2, 3]. DCT has been 
known for a very long time to produce material characterised by exceptionally high 
wear resistance [4-7]. It was also found to improve toughness [8], fatigue resistance 
[9, 10], hardness [11], dimensional stability [12] and intergranular corrosion resistance 
of materials [13].  
 
Yet to this day, there are inconsistencies with respect to the specific changes that take 
place during the DCT process. The metallurgical aspects responsible for the 
improvement in material properties after DCT are still disputed [14]. This uncertainty 
may be due to different experimental conditions and/or complexity in treated material, 
such as heterogeneous microstructure of AISI D2 tool steel containing primary and 
secondary eutectic carbides in as-quenched condition. The combined effect of 
austenite–martensite transformations and the precipitation of ultrafine carbides during 
tempering are the most accepted reasons for the augmented mechanical and 
tribological properties after DCT.  
 
The lack of deep mechanistic understanding, accountable for the augmented 
mechanical and tribological properties of DCT, has limited its wider acceptance [15]. 
Understanding the metallurgical aspects and microstructural evolution during DCT 
can maximise process benefits by improved alloy design and by employing strategic 
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thermal treatment. In the present work, an attempt has been made to study the 
underlying mechanisms involved in DCT using model alloys. 
 
1.2 Thesis outline 
This thesis reports an investigation to understand the microstructural evolution of deep 
cryogenically treated martensitic steel. This study examines the effect of 
microstructural changes that occur during deep cryogenic treatment and its effect on 
wear behaviour on the material. 
 
The structure of this thesis consists of literature review, alloy design, experimental 
methods, followed by three technical chapters, conclusions and recommendation for 
future work. 
 
Chapter 2: Literature Review 
A survey of relevant literature relating to martensite in steels and heat treatment of 
martensitic steels are summarised in this chapter. The chapter also provides a critical 
review of the current state of knowledge in the understanding of deep cryogenic 
treatment in martensitic steels. The chapter summarises the proposed models for 
improvement in wear properties due to deep cryogenic treatments. Gaps in knowledge 
were identified and research questions were proposed accordingly. 
 
Chapter 3: Research Approach and experimental methodology 
This section outlines the method to address the gaps in knowledge identified in the 
literature review and provides a detailed description of the material and thermal 
treatment employed in this work. Material characterisation techniques, such as X-ray 
diffraction (XRD), Scanning Electron Microscopy (SEM), Atom Probe Tomography 
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(APT) and Small Angle Neutron Scattering (SANS) and other tests used for 
characterisation and determination of material properties are also discussed. 
 
Chapter 4: The effect of cryogenic treatment on the quenched-state 
microstructure of martensitic steels 
This chapter compares the quenched-state microstructure of martensitic steels 
resulting from deep cryogenic treatment for change in hardness, retained austenite, 
dislocation density, residual stress and solute (carbon, nickel and chromium) 
segregation. Effect of varying amount of transformation of retained austenite to 
martensite during DCT on the properties of martensitic steels after DCT is also studied. 
This chapter also compares the effect of soaking time at a cryogenic temperature on 
the quenched-state microstructure of martensitic steels. 
 
Chapter 5: Study on microstructural changes during tempering of deep 
cryogenically treated martensitic steels 
This chapter studies the effect of tempering on deep cryogenically treated martensitic 
steels in relation to the amount of transformed retained austenite, dislocation density, 
residual stress and carbide precipitation. This chapter also examines if alloy carbides 
are precipitated during low-temperature tempering of deep cryogenically treated steels 
and if the composition of the carbides precipitated during tempering changes with prior 
DCT. 
 
Chapter 6: The effect of deep cryogenic treatment on wear resistance of 
martensitic steels 
This chapter compares the wear properties of quenched-tempered and cryogenically-
tempered martensitic steels using three different testing methods; high-stress abrasion 
wear test, low stress abrasion wear test and ball-on-disc sliding wear test. An attempt 
has been also made to rationalise the reported wear after DCT in literature to this work. 
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Chapter 7: Conclusions and recommendation for future work 
This chapter summarises the main findings and contributions to knowledge on the 
microstructural evolution of deep cryogenically treated martensitic steels. Few 
recommendations for extending this work, such as carrying out additional tests using 
dry sand/rubber wheel abrasion test. 
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CHAPTER – 2 
LITERATURE REVIEW 
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2 Literature review  
2.1 Introduction 
The industrial demand for the improved service life of tool steel has led to numerous 
studies to improve wear resistance.  One of the approaches to report better wear 
resistance is a deep cryogenic treatment (DCT). The literature on DCT on various 
materials (steels and other ferrous alloys, magnesium, aluminium, titanium) are vast, 
however, this literature review will be restricted to DCT in martensitic steels. The first 
section of this review will be on martensitic transformation as it plays an important 
part in understanding the microstructural evolution of martensitic steels during DCT, 
and the remainder will be a summary of current state of science in the field of DCT in 
martensitic steels. 
 
2.2 Martensitic transformation in steel 
Martensitic transformation in steel is athermal in nature and occurs in a diffusionless 
manner involving the cooperative and coordinative movement of atoms of less than 
one atomic spacing. The martensitic transformation is also accompanied by a change 
in bulk shape and volume of the article being treated [16]. During quenching from 
austenitising temperature, the martensitic transformation begins at martensite start 
temperature (Ms) and continues until the martensite finish temperature (Mf) is reached 
[17]. The amount of thermodynamic driving force required to initiate the shear 
transformation of austenite to martensite determines the Ms temperature [18]. In Fe-C 
alloys, carbon increases the shear resistance of the austenite and, therefore, Ms 
decreases significantly with increasing carbon content. 
 
2.2.1 Characteristics of martensite  
Martensite is a metastable phase formed by a diffusionless transformation of austenite 
during quenching. Martensite forms instantaneously during quenching when the 
required Ms temperature is reached. Since the transformation of austenite to martensite 
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requires no thermal activation it is called an athermal transformation. In steels, 
martensite has a body-centered tetragonal (BCT) structure. As shown in Figure 2-1, 
carbon atom occupies the octahedral site in a unit cell of martensite and therefore 
distorts the iron lattice in its vicinity leading to extension along the c-axis, causing 
tetragonality [19, 20]. Thus, it follows that the tetragonal distortion of martensite (a ≠ 
c) increases with carbon content above 0.6% [21].  
 
 
Figure 2-1: BCT unit cell of martensite showing position of Fe atoms, C atoms and 
octahedral interstitial sites [22]. 
 
However, it has been reported that martensite in low carbon steel (<0.6 wt.% C) did 
not exhibit tetragonality and had a BCC structure [23-26]. Figure 2-2 shows the effect 
of carbon on c/a ratio (tetragonality) of martensite in Fe-C alloy [23]. The figure shows 
that c/a ratio is unity from 0 to 0.6 wt. % C and then abruptly changes to a value of 
approximately 1.03. As shown in the figure, the subsequent increase in carbon content 
also leads to an increase in c/a ratio. The most accepted model proposes this to be due 
to the formation of an intermediate HCP metastable carbon-rich phase, which is 
schematically illustrated in Figure 2-3. According to this proposed model, during the 
transformation of austenite (FCC) to martensite (BCC /BCT) an intermediate HCP 
metastable phase is formed. For an alloy with less than 0.6 wt.% C, this metastable 
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phase transforms to only primary martensite and a carbon-rich phase, whereas above 
0.6 wt.% C this metastable phase transform to both primary and secondary martensite 
along with a carbon-rich phase [23]. The primary martensite has a BCC structure 
whereas the secondary martensite has a BCT structure. The transition at 0.6 wt. % C 
or H-point is discussed as the limit of solubility of C in the intermediate HCP phase, 
which can be affected by alloying elements, such as Ni [27]. Figure 2-3 displays the 
proposed transformation model for Fe-0.88%C, where “A” shows transformation 
model without the formation of retained austenite and “B” with the formation of 
retained austenite. The model shows a 10 nm austenite grain with a loose-knit array of 
dislocations along the boundary. These dislocations act as a source of nucleation site 
for transformation. In the first step, austenite forms an intermediate HCP phase and 
enriched FCC. During the second stage, the intermediate HCP phase forms primary 
martensite (BCC) and carbon-rich phase, whereas the enriched FCC forms 
enriched/secondary martensite (BCT). The only difference between model “A” and 
“B” is the formation of retained austenite. According to model “B” enriched FCC in 
the second stage forms retained austenite along with enriched/secondary martensite 
(BCT). 
 
 
Figure 2-2: Effect of carbon on tetragonality (c/a ratio) of martensite in Fe-C alloy. 
c/a ratio decreases with decreasing carbon content in the alloy except below 0.6 wt.% 
C, where the c/a ratio abruptly changes to unity [23]. 
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Figure 2-3: Schematic illustration of austenite to martensite transformation model in 
Fe-0.88C. The model depicts the sequential transformation of austenite in 2 steps. In 
step 1, austenite (FCC) forms intermediate phase (HCP) and enriched FCC phase. In 
step 2, intermediate phase forms primary martensite (BCC) and carbon-rich phase. 
Whereas, enriched FCC phase form secondary martensite (BCT). Transformation 
model without retained austenite is shown in ‘A’ and with retained austenite is 
shown in ‘B’. In a transformation model with retained austenite ‘B’, enriched FCC in 
step 2 forms retained austenite along with secondary martensite (BCT)  [23]. 
 
Martensite exists in two prominent morphologies, plate martensite and lath martensite 
[28-30]. Figure 2-4 shows the transmission electron micrographs of the lath martensite 
in a Fe-0.61C alloy [31] and plate martensite in a Fe-1.86C alloy [32]. Plate martensite 
is typically lens-shaped and has a twinned microstructure, whereas the microstructure 
of lath martensite is composed of needle-shaped laths that are separated by high or low 
angle boundaries, have few or no twins and typically a high density of dislocation. In 
Fe-C alloy, plate martensite is observed at high carbon content (above 1%) and lath 
martensite is observed at low carbon content (below 0.6%). Whereas, a mixture of both 
is observed in alloys having a carbon content between 0.6% and 1% [23, 29]. 
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Figure 2-4: Transmission electron micrographs of [a] Lath martensite in an Fe-0.61C 
[31] [b] Plate martensite in an Fe-1.86C [32]. 
 
2.2.2 Complexity of martensite microstructures 
Martensitic steels have a complex microstructure and are highly affected by chemical 
composition. Since martensitic transformations are diffusionless in nature, it was 
assumed that the local composition of material does not change during the 
transformation, but only the crystal structure changes [16]. However, recent 
investigation using advanced characterisation techniques (e.g. Atom Probe 
Tomography) have shown that the distribution of carbon atoms in quenched martensite 
is more heterogeneous with regions of low and high concentration [33-35]. 
Furthermore, all carbon atoms are not in true interstitial positions as previously 
interpreted but are segregated within laths and at lath boundaries due to auto-tempering 
during quenching [35, 36]. Figure 2-5 shows an Atom Probe Tomography (APT) 
reconstruction of an as-quenched X38CrMoV5-1 steel [33]. The carbon distribution of 
the reconstructed data reveals 3 different regions with 2 interfaces separating them. A 
1D concentration profile across the interface indicates peak carbon content at ~6-10 
at.% and a thickness of  ~ 50 Å. The interface was identified as austenite. The map 
shows a region of nearly homogenous carbon distribution (frequency distribution 
shows μ close to 0, indicating uniform and homogeneous distribution with no 
segregation) in the lower third of the map with a carbon of ~ 1.65 at.%. The other 2 
regions in the map show carbon segregation (frequency distribution shows high μ 
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value). Hence, this map clearly indicates regions of low and high carbon concentration 
within the martensitic lath. This difference in the degree of carbon segregation within 
a martensite lath is dependent on the temperature of formation [33]. Laths formed at 
high-temperature exhibit carbon segregation due to auto-tempering, whereas the laths 
formed at lower temperature have more homogenous carbon distribution because of 
the segregation is suppressed due to reduced diffusion. Auto-tempering is a 
phenomenon in which the martensite formed near Ms temperature is tempered during 
the process of quenching [37]. This phenomenon is accompanied by carbon 
segregation [33, 35]. 
 
Figure 2-5: [a] APT reconstruction of carbon distribution of quenched X38CrMoV5-
1 sample; [b,d] frequency distribution and [c] 1D carbon concentration profile for the 
ROI selected in two regions of the sample showing a varied degree of carbon 
segregation within a martensite lath [33]. 
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Complexities within the lath martensitic microstructure due to a heterogeneity 
observed in lath size, compositional distribution and defect substructure have an 
impact on local mechanical response, such as hardness and yield strength [30, 38]. The 
change in local mechanical response was proposed to be due to either the difference in 
defect density and/or due to a difference in carbon segregation [30, 38]. Figure 2-6 
shows one such example of the widespread distribution of nanohardness value on a 
single prior austenite grain of a fully martensitic Fe–0.13C–5.1Ni model alloy with an 
EBSD image showing inverse pole figure (IPF) map in the inset [30]. Figure 2-6c and 
Figure 2-6d show different indent with different nanohardness value and Figure 2-6e 
shows the distribution of nanohardness graphically across one prior austenite grain. 
 
 
Figure 2-6: [a] Nanohardness map on a prior austenite grain of a fully martensitic 
Fe–0.13C–5.1Ni model alloy; [b] IPF map from EBSD analysis in; [c] indents; [d] 
distribution of nanohardness range between 4.6 and 9.7 GPa; [e] averaged 
nanohardness [30]. 
 
Figure 2-7 shows a schematic representation of martensitic transformation in one prior 
austenite grain revealing all the complexity involved from Ms to Mf temperature. 
Colour coding was used in the figure to represent the strain (amount of dislocation 
density). Just above the Ms temperature the austenite has a minimal strain and offers 
the least resistance towards the formation of new martensitic laths [30]. However, 
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below Ms temperature, as the first martensite lath is formed, the transformation strain 
is plastically accommodated by the surrounding austenite [39]. This accommodation 
of strain by the remaining austenite matrix during the transformation of austenite to 
martensite progressively hardens the matrix with each new lath formed. This increased 
strain in the matrix resists the formation of new laths especially near a recently-
transformed lath [40]. Beyond a threshold strain, the sudden autocatalytic reaction can 
trigger the formation of a number of thin laths in the vicinity of already formed laths 
for a near complete transformation to martensite [30]. However, a small fraction of 
austenite remains untransformed as it is highly constrained [41, 42]. Figure 2-7 also 
shows that newly formed laths have dislocations inherited from the austenite matrix in 
addition to the dislocations introduced due to transformation strain [43, 44]. In the 
meantime, the coarse laths formed at the start of transformation is auto-tempered [30]. 
Auto-tempering leads to carbon segregation in laths and subsequent softening [33, 35]. 
 
 
Figure 2-7: Schematic representation of martensitic transformation in one prior 
austenite grain along with a model time-temperature curve from Ms to Mf 
temperature with colour-coded dislocation density (darker indicates higher 
dislocation density). Austenite is marked as γ and martensite is marked as α’ [30]. 
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2.2.3 Strength of martensite 
Despite the complexity of martensitic microstructures and the presence of different 
alloying elements, the strength of as-quenched martensite in steel is primarily carbon-
dependent with segregated carbon content being the dominant factor, Figure 2-8 [32, 
35]. This is associated with the ability of carbon segregation to increase the difficulty 
for the movement of mobile dislocations as though they were in true solid solution [35, 
45].  Other factors including interstitial solid solution strengthening by carbon [46], 
base strength of the iron matrix, grain size [47, 48] and dislocation density [49, 50] 
account for the remaining strength of martensite. In a work [35] carried out on 4 steel 
alloys with different carbon content from 0.12 wt.% to 0.48 wt.%, it was shown that 
the contribution from the base strength of iron matrix, grain size and dislocations only 
accounted for approximately 33% of the strength of martensite.  Interstitial carbon and 
segregated carbon at lath boundaries and intra-lath dislocations were responsible for 
the remaining unaccounted strength.  
 
Figure 2-8 exhibits a linear increase in hardness with respect to weight percent of 
carbon in a Fe-C binary system but the increase saturates beyond 0.6 wt. % carbon 
[32]. This is due to the difference in morphology of martensite and the increase in 
volume fraction of retained austenite [23, 32]. Below 0.6 wt. % carbon an increase in 
hardness is directly related to carbon content in the alloy because lath martensite is 
prominent and the soft retained austenite is minimal. Beyond 0.6 wt. % carbon, 
hardness decreases primarily because of the presence of soft FCC retained austenite 
[23]. Other alloying elements, such as, manganese, silicon, nickel, chromium, 
molybdenum and vanadium in steel have little influence on the strength of as-quenched 
martensite but influence the ease with which martensite can be formed (hardenability) 
[35, 51]. The alloying elements increase the hardenability of steel by shifting the C-
curve in TTT diagram towards the right [52]. 
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Figure 2-8: Hardness of Fe-C alloy as a function of carbon content [32]. The source 
for each data is given inside the figure. 
 
2.3 Thermal processing to form martensite in steels 
A typical quench and temper heat treatment of steels is shown in Figure 2-9. During 
this thermal processing, steels are held in a fully austenitic phase field before 
quenching. During quenching, based on the composition of the steel and the cooling 
rate, austenite can decompose into a variety of transformation products such as ferrite, 
cementite, bainite or martensite. For martensitic steels, a fully martensitic 
microstructure is desired.  
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Figure 2-9: Schematic diagram of hardening heat treatment in tool steels showing 
austenitising, quenching and tempering. Overlapping curves show regions of pearlite 
and bainite formation. [53]. 
 
2.3.1 Tempering in martensitic steels 
Tempering in martensitic steels involves heating the material below the lower critical 
temperature (A1) for a length of time that ensures the material is heated throughout the 
section thickness involved [1, 36]. Tempering is performed in martensitic steels as the 
as-quenched martensite is typically brittle and lacks ductility, which results in poor 
impact toughness [36, 54]. Tempering in martensitic steels impart improved toughness 
and increased ductility [1] and is dependent on both tempering time and temperature 
[55, 56]. It is clearly shown in Figure 2-10, that increasing tempering temperature in 
martensitic steels results in lower hardness [55] and increased toughness [56]. 
Tempering at a higher temperature in steel can also improve dimensional stability by 
transforming retained austenite present in the microstructure [56].  
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Figure 2-10: Effect of tempering temperature on [a] hardness of 0.3-0.36 wt.% C 
steel [55] and [b] toughness of low alloy 0.5 wt.% C steel [56]. 
 
Microstructural changes also occur during tempering, such as carbon segregation to 
lattice defects, carbide precipitation, retained austenite decomposition and the 
recovery and recrystallization of the martensitic structure [36]. Each of these 
microstructural changes involved in tempering is affected by the composition of the 
steel. These microstructural changes during the tempering of martensite can be 
categorised into five stages. The preliminary stage of tempering begins with 
redistribution of carbon to low energy sites, such as dislocations, cell walls in lath 
martensite and some interstitial lattice sites [36] and pre-precipitation clustering of 
carbon [57] due to lowering of the total elastic energy of the lattice [58].  These 
microstructural changes occur during quenching (autotempering) [33, 35] or when 
tempered below 100°C [36]. Redistribution of carbon atom and clustering of carbon 
during this preliminary stage was found to affect the carbide formation during the first 
stage of tempering [59]. 
 
During the first stage of tempering (between 100°C to 200°C), as-quenched martensite 
(α’) transform to low carbon martensite (α”) with simultaneous precipitation of 
transient iron carbide [36, 60]. It takes place within the martensite and proceeds rapidly 
   
19 
 
without any initiation period [61]. The precipitated transient iron carbides were first 
identified as epsilon carbide (ε-carbide) with an empirical formula of Fe2.3C and 
having a hexagonal crystal structure [62]. However, these carbides were later 
characterised as eta-carbide (η-carbide) with an empirical formula of Fe2C and having 
an orthorhombic crystal structure (Pnnm, a=0.471nm, b=0.433nm and c=0.287nm) 
[63, 64]. These nano-sized eta-carbides were found to precipitate periodically along 
dislocations in Fe-C alloys [64, 65]. 
 
The decomposition of retained austenite is considered as the second stage of tempering 
(between 200°C to 300°C) [36].  This stage of tempering is important for medium or 
high carbon steels as the amount of retained austenite is insufficient to have an effect 
on low carbon steels [36]. The decomposition products of austenite were identified as 
ferrite and carbide [66]. This decomposition of soft retained austenite to carbide 
reduces the ductility and impact toughness in tempered martensitic steels [67].  This is 
referred to as tempered martensite embrittlement [18, 68, 69] and this phenomenon 
occurs commonly in the temperature range of 250 to 400°C [67]. 
 
During the third stage of tempering cementite (Fe3C) is formed. This occurs in most 
steels when tempered between 250° to 700°C [36]. In this stage, transient carbides, 
which were formed during early stages of tempering are replaced by cementite. 
Whereas, the low carbon martensite (α”) that was formed during the first stage of 
tempering loses most of its remaining carbon to form ferrite [70]. 
 
The fourth stage of tempering exist only for alloyed steels and occurs above 450°C 
[71, 72]. As the transformation from austenite to martensite is diffusionless the 
martensite inherits characteristics of the parent austenite, such as dissolved alloying 
element atoms, undissolved inclusions and carbide particles [73]. If the parent 
austenite had substitutional alloying elements, such as Cr, Mn, Ni and Mo dissolved 
in it, the as-quenched martensite contains these elements in a supersaturated state. 
These supersaturated alloying elements atoms will diffuse during high-temperature 
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tempering. If the alloying elements are carbide forming (Cr, W, V, Mo, Ti and Nb) 
then fine alloy carbides will be formed at the expense of cementite as they are more 
thermodynamically stable within this secondary hardening temperature range [73]. 
Precipitation of these fine alloy carbides increases the hardness of the steel and this 
hardening response is called secondary hardening [53, 70]. On attaining a critical 
number of fine carbides, the hardness of the steel reaches a maximum, and as the 
carbide slowly coarsens with temperature (beyond 600°C), the hardness drops. Figure 
2-11 exhibits the secondary hardening behaviour in AISI A2 tool steel where hardness 
peaks at ~500° due to the precipitation of fine carbide. Secondary hardening can cause 
embrittlement with loss of toughness [74, 75] and is most effective in steels jointly 
alloyed with molybdenum and vanadium [76].  
 
 
Figure 2-11: Influence of tempering temperature on hardness and toughness of AISI 
A2 tool steel [77]. 
 
2.4 Deep cryogenic treatment of martensitic steels 
If Mf is below ambient temperature then a quantity of austenite is retained after 
quenching at ambient temperature [78]. This retained austenite in plain carbon steels 
has a face-centred tetragonally distorted structure [79]. Retained austenite can cause 
distortion and also result in significant variations in tensile strength, ductility and 
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toughness (particularly in transverse orientation) [80, 81]. Consequently, it is generally 
considered unacceptable. A supplemental treatment called sub-zero treatment is 
carried out to transform this retained austenite to martensite. Sub-zero treatment was 
first reported during 1937-39 in the USSR when scientists found that metal frozen 
below room temperature became more resistant to wear by transformation of retained 
austenite to martensite [82, 83]. Consequently, this treatment was widely accepted as 
a supplemental treatment to reduce retained austenite in the quenched microstructure, 
thereby improving dimensional stability [84] and wear resistance [85].  Sub-zero 
treatment was carried out initially just below Mf temperature for a complete 
transformation of retained austenite to martensite. However, the complete 
transformation was seldom achieved especially for tool steels by sub-zero treatment at 
Mf temperature [41, 42]. It was also observed [86] that the amount of retained austenite 
transformed increased with decreasing temperature of sub-zero treatment with 
substantial improvement in wear resistance [87]. Subsequently, sub-zero treatment 
was categorised into two types depending on treatment temperature; cold treatment or 
shallow cryogenic treatment (SCT, performed between −70 to −120 °C) and deep 
cryogenic treatment (DCT, performed below −125 °C) [2].  
 
2.4.1 Process of deep cryogenic treatment 
Deep cryogenic treatment is a sub-zero treatment where materials are exposed to 
temperatures below −125°C with liquid nitrogen being the preferred cooling media 
[85]. The most common process route is shown in Figure 2-12, where DCT is 
performed soon after quenching and prior to tempering [88]. There are alternative 
process routes reported in the literature [11, 89-91] where DCT is performed after the 
tempering stage. Process parameters in DCT such as the rate of cooling, the rate of 
reheating, soaking temperature and soaking time were reported to affect the final 
material properties [3, 14, 92-97].  The effects of process parameters on final properties 
are explained further in Section 2.4.4. DCT is usually performed in an insulated cryo-
treatment chamber where process parameters such as the rate of cooling, the rate of 
reheating, soaking temperature and soaking time can be controlled. Cryogenic 
treatment was carried out initially by direct immersion into liquid nitrogen, however, 
this technique usually resulted in cracking the components due to differential 
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contraction and/or expansion and a ~4% volume change resulting from the 
transformation of retained austenite to martensite [15, 98]. In the late 1960s, a 
cryogenic treatment system was developed by Ed Busch and later improved by Peter 
Paulin at 300 Below/CryoTech, Detroit, Michigan which allowed controlled cooling 
to cryogenic temperature, soaking at cryogenic temperature and controlled reheating 
to room temperature [93]. Over the past 10-15 years this process variant has been 
applied widely to research aimed at understanding process-microstructure-property-
performance relationships in material, but chiefly martensitic steels.  
 
 
Figure 2-12: Schematic representation of heat treatment with deep cryogenic 
treatment in AISI D2 tool steel [99]. 
 
2.4.2 Effect of cryogenic treatment on martensite substructure 
In the literature, deep cryogenic treatment in martensitic steels were reported to have 
an effect on martensitic substructure, such as modifying the lattice parameter of 
martensite [100, 101],  increasing dislocation density in martensite [8, 99, 102-108], 
decreasing carbon content of martensite [109, 110] and detwinning martensite [11]. In 
this section, we will look at all these hypotheses in detail. 
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The lattice parameter of martensite that was formed at sub-zero temperature was 
reported [100, 101, 109] to be different from martensite formed above room 
temperature. Figure 2-13 shows in Fe-Mn-C steel, how the martensite formed at low 
temperature had a smaller ‘c’ value and larger ‘a’ value than the martensite formed at 
room temperature using Mossbauer spectroscopy [100]. This change in lattice 
parameter was reported to be due to the interstitial position of carbon occupancy in the 
martensite [100].  Figure 2-1 demonstrates that martensite formed at room temperature 
has carbon atom only in octahedral interstitial positions and an absence of carbon at 
the tetrahedral interstitial positions [53]. In contrast, the martensite formed at below 
−80°C have 1:1 octahedral and tetrahedral interstitial carbon occupancy [100], which 
means an equal number of carbon atoms at both octahedral and at tetrahedral 
interstitial positions. However, when the material is reheated at approximately room 
temperature unstable carbon atoms in tetrahedral interstitial position migrated to 
octahedral sites restoring lattice parameters in the process [100, 101]. It can be 
concluded that even though the martensite formed at sub-zero temperature had a 
different lattice parameter to the martensite formed at room temperature, it will be 
restored to the default lattice parameter (of martensite formed at room temperature) 
upon equilibrating to ambient conditions. 
 
Figure 2-13: Effect of carbon on lattice parameter of martensite in Fe-Mn-C steel. In 
the plot 1,5 are the ‘c’ and ‘a’ values of normal martensite; 2,3 are the ‘c’ and ‘a’ 
values of martensite formed below −80°C and 4 is the lattice parameter of pure iron 
[100]. 
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An increase in dislocation density of martensite after deep cryogenic treatment in 
martensitic steels was suggested in many articles [8, 99, 102-108]. One theory 
proposed [111, 112] that during DCT, the strain in martensite formed at room 
temperature increases during DCT due to volumetric change accommodating 
transformation of retained austenite to martensite and thermodynamic instability of 
martensite formed at room temperature increases as the lattice contract. This was 
referred as the “low-temperature conditioning” of martensite formed at room 
temperature during DCT [112]. This  “low-temperature conditioning” of martensite 
formed at room temperature was proposed as a theory for the increase in dislocation 
density in martensite after DCT [112]. A newer theory suggests the generation of 
dislocation due to plastic deformation of the newly formed soft virgin martensite 
(martensite formed during DCT resulting from the transformation of retained 
austenite) [113]. The dislocations in the lattice were considered the site for carbon 
clustering, which may act as nuclei for carbides precipitation during subsequent 
tempering [107].  The precipitation behaviour in DCT martensite is of interest to this 
thesis, and the literature on the mechanism and effects of precipitation are covered 
extensively in later sections dealing with wear behaviour. 
 
Despite many suggestions on increase in dislocation density in martensite resulting 
from DCT, there is minimal quantitative analysis to review.  To the author’s 
knowledge, only Li et al [109] have reported an increase in dislocation density in a 
newly developed cold work die steel (C-0.98 wt.%, Cr-8.6 wt.%, Mo-2 wt.% and V-
0.5 wt.%) after DCT using internal friction method for quantification. In that article 
[109], internal friction curves were generated for both cryogenically treated and non-
cryogenically treated cold work die steel samples austenitised at 1040°C and hardened 
in oil. The increase in the Snoek relaxation strength (calculated from peak P1 in the 
curve as shown in Figure 2-14) of cryogenically treated martensite was interpreted as 
increased dislocation density when compared with the non-cryogenically treated 
martensite. However, internal friction method requires the careful assumption of 
various attributes which corresponds to the peak height bringing some uncertainty to 
the measurement. Internal friction peak at 580K can be attributed to both carbon 
segregation and change in dislocation density [114]. Potentially more robust 
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techniques to determine the effect of deep cryogenic treatment on the dislocation 
density of martensite is through X-ray Diffraction (XRD) [115, 116], Electron 
Backscatter Diffraction (EBSD) [117] or Transmission Electron Microscopy (TEM) 
[49]. Unfortunately, there appears a complete absence of studies applying these 
techniques to determine the relative dislocation densities in martensite before and after 
DCT. Further, as the transformation of austenite to martensite during sub-zero 
treatment is suggested to increase the dislocation density, an interesting unreported 
study is quantifying a relationship between the volume fraction of transformation and 
dislocation density.    
 
 
Figure 2-14: Internal friction spectra of a newly developed cold work die steel 
showing the effect of DCT. Peak P1 was used to determine the Snoek relaxation 
activation energy and thereby inferring the dislocation density [a] Quenched sample 
and [b] DCT sample [109]. 
 
It was reported that carbon content of martensite decreased during DCT due to carbon 
segregation to dislocations [109, 110]. Figure 2-15 demonstrates this phenomenon, 
where the decrease in carbon content (~0.12 wt.% compared with ~0.24 wt.%) in 
martensite after DCT was measured using XRD in cold work die steel (C-0.98 wt.%, 
Cr-8.6 wt.%, Mo-2 wt.% and V-0.5 wt.%) sample. The figure clearly shows peak shift 
and change in peak shape, when comparing cryogenically treated and non-
cryogenically treated (quenched) sample. The peak shift was used to calculate the 
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lattice parameter of the martensite and this lattice parameter value was then used to 
calculate the carbon content in the martensite [109].   
 
 
Figure 2-15: [a] XRD spectra associated with (110) peak and [b] corresponding 
carbon content in martensite matrix for quenched and DCT model cold work die steel 
(C-0.98 wt.%, Cr-8.6 wt.%, Mo-2 wt.% and V-0.5 wt.%) sample [109]. 
 
It was also hypothesised that the sub-zero treatment of tempered tool steels having a 
twinned sub-microstructure would completely remove the twinning [11]. Figure 2-16 
suggests that the cryogenic treatment in as-quenched AISI M2 tool steel resulted in the 
removal of twinning from the tempered martensite microstructure [11]. However, no 
such observation was reported elsewhere. The nearest reporting of this phenomenon 
was the observation sub-zero treatment results in finer twinning and a smaller size of 
the martensitic domains [113]. Figure 2-17 shows the microstructure of tempered 
sample with finer twinning and a smaller size of the martensitic domains in the sub-
zero treated microstructure of tool steel X220CrVMo13-4 when compared to an as-
quenched microstructure [113].   The underlying mechanism is remaining to be 
reported.   
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Figure 2-16: Microstructure of tempered martensite in AISI M2 tool steel [a] 
Quenched-tempered sample showing twinned microstructure [b] Quenched, DCT 
and tempered sample shows no twins in the microstructure [11]. 
 
 
Figure 2-17: Microstructure of tempered martensite in tool steel X220CrVMo 13-4 
[a] Quenched-tempered microstructure indicating twins in tempered martensite 
microstructure [b] Quenched, DCT and tempered microstructure indicating finer 
twinning and a smaller size of the martensitic domains when compared to the 
quenched and tempered sample [113]. 
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2.4.3 Effect of cryogenic treatment on the properties of martensitic steels 
Deep cryogenic treatment on martensitic steels is commercially carried out specifically 
to improve wear resistance. Wear behaviour in deep cryogenically treated steels will 
be discussed in detail in Section 2.4.4. DCT was also found to affect other material 
properties such as hardness [11, 102, 107, 118-126]. This is expected as soft retained 
austenite is transformed to hard martensite phase during DCT. However, it was also 
shown [12, 87, 127] that DCT of martensitic steel had little or no effect on bulk 
hardness, but still showed substantial improvement in wear resistance. Appendix A 
shows the change in hardness in martensitic steels due to DCT. An inconsistent change 
in hardness after DCT is shown in the Appendix A, for example, AISI M2 tool steel 
with 9% reduction in retained austenite show increase in hardness by 190 HV [125] 
whereas the same material with 24% reduction in retained austenite show only 30 HV 
[128] increase in hardness. The different thermal cycles employed may be the reason 
why there is an inconsistent change in hardness after DCT. 
 
The effect of DCT after subsequent tempering on hardness behaviour is also not very 
clear in the literature. In Figure 2-18, AISI D2 tool steel sample that has not been 
subjected to DCT has a well-defined secondary hardening peak at high tempering 
temperature due to precipitation of fine alloy carbides during the fourth stage of 
tempering [76, 129, 130]. However, in the deep cryogenically treated AISI D2 tool 
steel sample, this peak is absent [5]. This behaviour is reported elsewhere in AISI D2 
tool steel cryogenically treated [131], however an explanation for this phenomenon 
was not offered by both bodies of work.  
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Figure 2-18: Hardness of cryogenically treated and not cryogenically treated AISI D2 
tool steel during tempering. Secondary hardening is not observed in DCT sample [5]. 
 
The response of DCT in martensitic steels to other mechanical properties like 
toughness, tensile strength and fatigue resistance is largely similar to the hardness 
behaviour. While some researchers reported an increase in these properties there are 
articles which report no change or detrimental change. Collins and Dormer [5] has 
reported a 40% reduction in toughness in AISI D2 tool steel subjected to DCT whereas 
Das [132] reported no change in toughness for the same material after DCT. In 
contrast, DCT in AISI T1 and M2 tool steel was reported to enhance impact toughness 
[8]. AISI 4340 steel reported decrease toughness but showed increased fatigue 
resistance after DCT [133]. DCT was also found to induce compressive residual 
stresses in case carburised EN353 martensitic steel [134] and in AISI 4140 steel [135]. 
DCT was also found to improve dimensional stability due to the transformation of 
retained austenite to martensite in AISI D2 tool steel [12]. These are notable, if 
conflicting, reported improvement in properties resulting from DCT of martensitic 
steels, however, it is wear behaviour that is most commonly studied. 
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2.4.4 Wear behaviour in deep cryogenically treated martensitic steels 
Wear improvement after deep cryogenic treatment was first reported in 1971 [86]. All 
available wear performance data and wear behaviour studies of cryogenically treated 
ferrous materials are summarised in Appendix A. The overwhelming material tested 
is AISI D2 tool steel, with other common materials being AISI 4340, AISI M2 tool 
steel, AISI D3 tool steel and high-speed steel. Most studies have been conducted in 
dry sliding conditions using a smooth hard counter-face. Pin-on-disc is a common 
coupling geometry and various loads have been applied. These studies are largely 
conducted on single commercial alloys comparing quenched-tempered and 
cryogenically treated conditions. There is a lack of abrasive wear studies in deep 
cryogenically treated steels. Three articles [87, 128, 136] which have used abrasive 
wear test to measure the change in wear rate due to DCT is also summarised in 
Appendix A. 
 
Inconsistent wear behaviour of cryogenically treated AISI D2 tool steels has been 
reported [102, 124]. For example, it can be seen from Appendix A that wear resistance 
improvement for AISI D2 tool steel after DCT was reported as 8.177 times by one 
article [87] whereas the another only reported an improvement of 2 times [5]. Das et 
al [102, 124] have reported that wear behaviour after DCT will be dependent on test 
condition. An example of the differences in wear rate depending on the wear load is 
shown in Figure 2-19 [102]. This figure clearly demonstrates that a maximum 
improvement in wear rate after deep cryogenic treatment was observed at an 
intermediate loading regime, and this corresponded to a condition of dissimilar wear 
mode for the DCT (mild oxidative) and quenched and tempered (severe metallic wear) 
AISI D2 tool steel. That is, the mild-to-severe transition load was significantly higher 
for DCT AISI D2 material [102]. This may explain the reason why in literature, there 
is a wide scatter associated with the degree of improvement in wear resistance of 
martensitic steels by DCT.  
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Figure 2-19: Comparision of wear rate, mode and mechanism of Quenched-
Tempered (QT) and Quenched-DCT-Tempered (QCT) AISI D2 tool steel. The 
transition load from mild oxidative to severe metallic wear in both conditions is 
noted in the graph [102]. 
 
Process parameters during deep cryogenic treatment are also reported to influence the 
wear behaviour of steels. Depending on the insulating efficiency and cooling 
mechanism of the treatment chamber the most commonly used temperature is between 
−180°C to −196°C. As reported in an earlier section, the transformation of martensite 
is athermal in nature. However, it was observed that transformation below sub-zero 
temperature could be isothermal in some alloys [137].  Based on this concept, a recent 
article [138] had shown that the most favourable isothermal transformation 
temperature for tool steel was approximately −150°C based on damping peaks 
observed in internal friction spectra in X220CrVMo13-4 and X153CrMoV12 alloys, 
Figure 2-20 [138]. But studies have shown that martensitic steels cryogenically treated 
at −196°C had better wear resistance than samples cryogenically treated at −140°C 
[139]. It can be inferred that improved wear resistance is obtained by soaking the 
martensite at lower temperatures prior to tempering.  
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Figure 2-20: Temperature dependence of internal friction for X220CrVMo13-4 and 
X153CrMoV12 quenched from 1080°C showing two damping peaks at −150°C and 
−10°C [138]. 
 
Soaking time was found to be an important parameter affecting wear behaviour [99, 
103, 104, 139-142]. Figure 2-21 shows the effect of soaking time at −196°C followed 
by tempering at 210°C on the wear behaviour of AISI D2 tool steel. The dry sliding 
wear test results for various loads show that wear resistance first increases reaches a 
maximum at 36 h and then shows a decreasing trend with increasing soaking time. The 
authors [99, 104] correlated this increase in wear rate to an increase in the precipitation 
of secondary carbides. However, there are articles which report no improvement in 
properties with soaking time on deep cryogenically treated martensitic steels [143, 
144]. However, as the majority of the literature suggest improvement in wear 
properties with soaking time a clear understanding is needed. 
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Figure 2-21: Effect of holding time at a cryogenic temperature on wear behaviour for 
AISI D2 tool steel austenitised at 1020°C following by air cooling, DCT at −196°C 
and tempering at 210°C for 2 h. Wear test was performed in 4 different loads (78.48, 
98.10, 117.72 and 137.34 N [99]. 
 
Rapid cooling without causing thermal shock [145-149] was also reported to improve 
wear resistance but the majority of the literature suggest improvement in wear 
properties through controlled cooling [88, 99, 103, 104, 107, 122, 133, 140, 142, 150, 
151]. By using the Taguchi method Darwin et al have demonstrated that cooling rate 
of 1°C/min was optimum for improved wear resistance in martensitic steels [88]. There 
is also a suggestion that performing DCT after tempering was more beneficial in 
relation to wear [11, 89, 90]. Further, the application of external magnetic field during 
DCT was also found to affect the final material properties by altering the carbide 
percentage and distribution [120, 151, 152]. 
 
There is strong evidence that the wear resistance of martensitic steels can be improved 
(albeit differently) by DCT, and there are some proposed mechanisms for this 
improvement in the literature.  Transformation of retained austenite to martensite is 
one of the primary objective of deep cryogenic treatment and it has been found that 
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substantial transformation of retained austenite to martensite occurs during deep 
cryogenic treatment [87]. Improvement in wear resistance after DCT was initially 
assumed to be due to complete transformation of soft retained austenite to hard 
martensite [86, 87, 153-156]. Meng et al considered the transformation of retained 
austenite to martensite as only a factor for the augmented wear resistance [22]. 
However, a systematic study on the effect of volume fraction of retained austenite 
transformed during sub-zero treatment on the wear behaviour of martensitic steels 
appears not to have been reported.   
 
An increase in volume fraction and homogenous distribution of fine carbides 
precipitated during tempering of deep cryogenically treated martensitic steels is 
proposed to be the significant factor for improved wear resistance in DCT martensitic 
steels [22, 107, 157]. This hypothesis was based on the observation that AISI D2 tool 
steel samples deep cryogenically treated (−180°C) showed higher wear resistance than 
shallow cryogenically treated or cold treated (−50°C) samples, despite having a similar 
amount of retained austenite, Figure 2-22 [22].  
 
Figure 2-22: [a] Volume fraction of retained austenite and corresponding [b] wear 
rate of as-quenched, SCT (−50°C) and DCT (−180°C) AISI D2  tool steel samples 
austenitised at 1020°C and tempered at 180°C. Wear test was carried out at 3 
different sliding distance. DCT samples exhibiting better wear resistance [22]. 
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A typical micrograph of quenched and tempered tool steel exhibits an inhomogeneous 
distribution of carbides in a tempered martensite matrix. Carbides present are classified 
as primary carbides (> 5 μm), secondary carbides (< 5 μm), transient carbides, 
cementite, and fine alloy carbides. Primary and secondary carbides are formed prior to 
tempering and their amount, size and distribution are determined by prior treatments, 
such as casting technique, homogenisation treatment, hot working and austenitising 
temperature [53]. Transient carbides, cementite and alloy carbides are precipitated at 
different stages of tempering, see Section 2.3.1. As stated previously, it was 
hypothesised in 1980 [157] that small carbides formed during DCT. However, no 
micrograph was included in the article [157] to verify this finding. A similar hypothesis 
was also proposed by Physicists [158] who asserted, without experimental verification, 
that the energy of motion which separate atoms is quelled below −149°C, which results 
in smaller carbides being evolved and distributed evenly in martensite after DCT. 
However, from the 1990’s, it was reported that precipitation of carbides only occurred 
during subsequent tempering after deep cryogenic treatment. A number of articles have 
suggested an increase in precipitation of nano-sized carbides within the tempered 
martensite matrix in deep cryogenically treated martensitic tool steels [8, 22, 90, 145, 
159-162].  
 
In the literature, carbon clustering during DCT is the most prominent site/nuclei 
proposed for precipitation of carbides in a martensite matrix during tempering. It was 
proposed that clusters of carbon formed as a result of DCT act as nuclei for the 
formation of fine carbide particles during subsequent tempering [5, 8, 113, 159, 163, 
164]. There are competing theories proposed for the carbon clustering mechanism 
during DCT. According to the first theory, during DCT the strain energy of martensite 
increases due to volumetric change accommodating the transformation of retained 
austenite to martensite [111], and as the lattice contracts the thermodynamic instability 
of martensite increases [111]. These changes in martensite during DCT affects its 
substructure, by generating crystal defects such as dislocations and twins [5, 8, 159, 
163]. As the temperature increases to room temperature after DCT, carbon becomes 
more mobile and diffuses to the crystal defects forming carbon clusters. The second 
theory is based on the finding, through XRD investigation, that carbon content of 
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martensite formed at sub-zero temperature is lower than the martensite formed above 
room temperature [109, 110]. Accordingly, the article [113] proposed that the reduced 
carbon content would make the freshly formed martensite at sub-zero temperature 
softer than the martensite formed above room temperature based on the theory of 
carbon dependent strengthening of ferrous martensite [165]. Further, the article [113] 
hypothesised that due to the stresses created by volume change during retained 
austenite transformation in deep cryogenic treatment, the soft martensite (martensite 
formed during deep cryogenic treatment) would be deformed, producing dislocations 
in the process. These gliding dislocations could capture immobile carbon atoms 
forming a cluster of carbon atoms [113, 138, 164]. However, these theories require 
carbon diffusion at these low temperature, which may be considered unlikely (this is 
explored further in Chapter 4).  
 
These clusters act as nuclei for the formation of carbides during subsequent tempering 
[5, 8, 113, 159, 163, 164]. The increase in volume fraction of carbides after DCT is 
reported in the literature as the reason for improved wear resistance. However, only 
[105, 123, 162] have performed quantitative analysis using image analysis software to 
calculate the volumetric fraction of carbides, Figure 2-23 and Figure 2-24. Figure 2-23 
shows the distribution of carbide after cryogenic treatment at −196°C using image 
analysis software for AISI D2 tool steel austenitised at 1020°C and tempered at 210°C 
[123]. The figure clearly shows an increase in secondary carbide volume fraction after 
DCT. A similar analysis on the same material with the same process parameter shows 
no change in secondary carbide volume fraction or size in deep cryogenically treated 
samples, Figure 2-24 [162]. However, da Silva et al [162] have reported an increase 
in volume fraction and refinement of nano-sized temper carbides but was too small to 
quantify using SEM.  SANS may allow for a more robust quantification of the effects 
of DCT on the volume fraction and size distribution of these temper carbides. Similar 
results of increased fine carbide distribution in deep cryogenically treated and 
tempered samples were also reported [109, 166-169] using the principle of internal 
friction. Figure 2-25 revealed reduced relaxation strength for the Snoek peak in DCT 
samples when compared to quenched samples indicating increased carbide 
precipitation after DCT. But internal friction method, as discussed earlier, requires 
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careful assumptions. Therefore, as previously stated SANS analysis would be a robust 
technique to measure the increase in carbide precipitation. 
 
 
Figure 2-23: Image analyses results of SSCs and LSCs in quenched and tempered 
(CT), shallow cryogenically treated and tempered (SCT), and deep cryogenically 
treated and tempered (DCT) AISI D2 tool steel samples [123]. 
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Figure 2-24: Volumetric fraction of carbides determined using ImageJ from SEM 
micrographs for AISI D2 tool steel samples with and without DCT [162]. 
 
 
Figure 2-25: Internal friction spectra of the quenched and DCT treated model cold 
work die steel rod samples showing Snoek peak as a function of tempering 
temperature [109].  
 
In [22], these fine carbides where identified as η-carbides using electron diffraction 
patterns generated from TEM in a Fe-12.2Cr-0.84Mo-0.43V-1.44C alloy tool steel 
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deep cryogenically treated at −180°C and tempered at 180°C [22]. η-carbides (Fe2C) 
were proposed [22] to precipitate during tempering in a deep cryogenically treated 
martensitic steel due to lattice deformation of martensite at cryogenic temperature. 
This lattice deformation converts the parent bct lattice of martensite into an 
orthorhombic η-carbide lattice forming η-carbides. Figure 2-26 shows the TEM 
micrograph of precipitated η-carbides in deep cryogenically treated and tempered Fe-
12.2Cr-0.84Mo-0.43V-1.44C alloy tool steel [22]. The indexed pattern generated from 
electron diffraction pattern is also exhibited in the figure. Meng et al [22] proposed 
bct-to-orthorhombic transformation model through the readjustment of substitutional 
atoms due to contraction along [1�10] and [110] and expansion along  [001] martensite 
direction [22]. These η-carbides were proposed to be responsible for the improvement 
in wear properties of martensitic steels after cryogenic treatment by increasing 
hardness and toughness to the material in subsequent publications [22, 145-147, 170]. 
However, η-carbide exists in tempered martensitic steels without any cryogenic 
treatment [171]. Therefore, for η-carbide to influence wear behaviour in cryogenically 
treated steels there should be an increased precipitation of these carbides. SANS 
analysis of quenched-tempered and cryogenically treated samples could be a 
convenient technique to quantify the number of carbides precipitated in each condition. 
 
Figure 2-26: Transmission electron micrograph of η-carbide in deep cryogenically 
treated and tempered  Fe-12.2Cr-0.84Mo-0.43V-1.44C alloy tool steel [22]. 
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Das et al  [99, 102-108, 123, 124, 172-175] proposed that the main reason for improved 
wear resistance observed in deep cryogenically treated martensitic steels is the 
increased volume fraction and homogenous distribution of secondary alloy carbides 
that are precipitated during low-temperature tempering after DCT. Das et al [102] 
examined the nature of these carbide particles in AISI D2 tool steel that was 
austenitised at 1020°C for 30 min and air cooled to room temperature, then tempered 
at 210°C for 2 h without and with prior DCT (−196°C, 24 h). Microstructures in both 
conditions consisted of tempered martensite, retained austenite, primary carbides and 
secondary carbides (Figure 2-27). Secondary carbides were classified as large 
secondary carbides, < 1µm (LSC), and small secondary carbides, >=1µm (SSC), based 
on their size. The tempered AISI D2 tool steel subjected to DCT reportedly had more 
uniformly distributed secondary alloy carbides and increased volume fraction of 
secondary alloy carbides when compared to the tempered sample without DCT. 
However, these images in Figure 2-27 offer little certainty of the changes in 
microstructures, especially the claimed increased volume fraction of alloy carbides. 
The electrolytically extracted carbides from both quenched-tempered and 
cryogenically treated samples were found to be mainly M7C3 and M23C6 (M = Cr, Fe, 
Mo and V) through XRD analysis. As there are reports of up to 8.177 improvements 
in wear resistance for DCT martensitic steels over conventionally treated martensitic 
steels [87], this theory of increased volume fraction of secondary alloy carbides would 
make excellent sense as fine alloy carbides are extremely hard (976 kg/mm2) and wear 
resistance. Some articles were published acknowledging the above finding [176, 177]. 
However, it is unclear how Das and colleagues distinguished newly formed carbides 
from pre-existing carbides.  
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Figure 2-27: SEM micrograph of [a] quenched-tempered and [a] quenched-DCT-
tempered AISI D2 tool steel exhibiting secondary carbides which the author 
classified as large secondary carbides, > 1µm (LSC) and small secondary carbides, 
<= 1µm (SSC) based on their sizes [102]. 
 
However, Da Silva Farina et al  [162] have experimentally reported, Figure 2-24, that 
there is no change in volume fraction or size of fine alloy carbides due to DCT at a 
tempering temperature of 210°C in AISI D2 tool steel, as claimed by Das et al [99, 
102-108, 123, 124, 172-175]. Precipitation of alloy carbides requires the substitutional 
diffusion of carbide-forming elements such as Cr, Mo and V through the body-centred 
cubic iron lattice of the tempered martensite, which is characterised by low diffusion 
coefficient [162]. For example, the diffusion coefficient of carbon in iron (FCC) at 
200°C is 4.58 x 10-6 m2s-1 whereas the diffusion coefficient of chromium in iron (FCC) 
at 200°C is 6.05 x 10-36 m2s-1. The diffusion coefficient increases with temperature. 
Hence alloy carbides can only precipitate at a temperature above 450°C [71, 72]. The 
literature [36] on tempering of as-quenched steels at 210°C only report precipitation 
of transient iron carbides and the decomposition of retained austenite. Moreover, the 
literature [36] have shown experimentally that cementite (Fe3C, orthorhombic) will 
only precipitate when steels are tempered to 250° to 700°C. Cr7C3 and Cr23C6 have 
higher enthalpies of formation than Fe3C which also suggests that these alloy carbides 
will not precipitate at a tempering temperature of 210°C. Figure 2-28 shows the 
enthalpy of formation for chromium carbides such as Cr7C3 and Cr23C6 are much 
higher than cementite (iron carbide), which is proposed to precipitated above 250°C 
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[36]. Therefore, Cr7C3 and Cr23C6 will not precipitate at a tempering temperature of 
210°C as proposed by Das et al [99, 102-108, 123, 124, 172-175]. The article [162] 
suggested that Das et al [99, 102-108, 123, 124, 172-175] may have made an 
observational error in the reporting an increased secondary alloy carbide precipitation 
since their initial microstructure had an intrinsically heterogeneous carbide 
distribution. Further, the articles point at the visible eutectic carbide structure 
(ledeburitic) in the micrograph and believe the rounded secondary carbides were 
probably precipitated in the solid state during the cooling of the ingot and spheroidised 
during austenitisation in the gamma + carbide field [162].  There are some 
uncertainties on the chemical nature of nano-sized precipitates that form during low-
temperature tempering of DCT martensite.  APT may be a good technique to 
understand the composition of the carbides precipitated during tempering of deep 
cryogenically treated martensitic steels.   
 
 
Figure 2-28: Enthalpies of formation of carbides, nitrides and borides [178]. 
 
   
43 
 
2.4.5 Gaps in knowledge and research aims  
The cryogenic treatment of materials has a long history. However, it has been in the 
past 15 years that research has intensified (> 300 manuscripts), particularly on the 
effects of shallow (−80 to −50°C) and deep (less than −125°C) cryogenic treatment on 
the microstructure and properties of martensitic steels. As highlighted in the above 
literature review there are still some outstanding gaps in understanding the nature of 
microstructural changes occurring in DCT martensite.  Specifically, there are many 
suggestions for an increase in dislocation density resulting from DCT, however, this 
has not been extensively quantified.  Additionally, there is some conflict over nature 
(size and chemistry) of precipitates that form in low temperature tempered (~200°C) 
cryogenically treated martensite. There are many reports on its effects on properties, 
such as impact toughness and mechanical strength, however, these are somewhat 
inconsistent.  Wear behaviour is particularly well reported, however here 
improvements in wear rate also vary.  Sliding wear has dominated the wear studies, 
with only a limited number of reported abrasive wear and none that systematically 
assess the effect of the quantity retained austenite before and after DCT on abrasive 
wear behaviour.    
 This dissertation will focus on three main research questions; 
- What microstructural changes occur as a result of the deep cryogenic treatment 
of martensite?  A particular focus is on establishing if there is a relationship 
between the quantity of retained austenite transformed at cryogenic 
temperatures and an increase in dislocation density. Further, this part of the 
work aims to determine if cryogenic treatment results in a redistribution of 
carbon to form clusters upon reheating to room temperature that is distinct from 
conventionally quenched martensite.       
- What are the chemical nature and size distribution of precipitates formed 
during tempering of deep cryogenically treated martensite, and are they distinct 
from quenched-tempered martensite?  This work also aims to relate the 
magnitude of dislocation density increase induced by DCT to precipitation 
behaviour.   
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- What is the effect of retained austenite volume fraction and transformation on 
the wear behaviour of quenched- tempered and cryogenically-tempered 
martensite?  
To address these questions a range of steels were strategically selected, both 
commercially available (AISI D2) and simple model alloys (Fe-C, Fe-C-Ni, Fe-C-Cr) 
and thermally treated to induce a range of retained austenite volume fractions.  
Advanced characterisation techniques (XRD, SANS, APT) were applied to quantify 
retained austenite, dislocation densities and solute clustering/principate size and 
chemistry. Wear behaviour was assessed by high and low stress abrasion test and ball-
on-disc sliding wear test.  A detailed research approach is contained in the next chapter.  
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CHAPTER – 3 
RESEARCH APPROACH AND 
EXPERIMENTAL METHODOLOGY 
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3 Research Approach and experimental methodology 
To target the identified gaps in knowledge and answer the research questions proposed 
at the end of Chapter 2, three main bodies of work were conducted, culminating in 
three results chapters;   
 
Chapter 4: To establish the microstructural changes that occur as a result of the DCT 
of martensite, the quenched-state microstructure of model alloys and AISI D2 tool 
steels were characterised before and after DCT. Hardness, the volume fraction of 
austenite, dislocation density and residual stresses were some of the parameters 
characterised. Model alloys and AISI D2 tool steel with varying amount retained 
austenite was deep cryogenically treated to determine if there is a relationship between 
the quantity of retained austenite transformed at cryogenic temperatures and an 
increase in dislocation density. Further, to determine if cryogenic treatment results in 
a redistribution of carbon to form clusters upon reheating to room temperature that is 
distinct from conventionally quenched martensite APT and SANS analysis was carried 
out on model alloy samples 
 
Chapter 5: To establish the chemical nature and size distribution of precipitates formed 
during tempering of deep cryogenically treated martensite and to distinguish from 
quenched-tempered martensite, the APT analysis was carried out on model alloys in 
both quenched-tempered and cryogenically-tempered condition. Since APT analysis 
is done in a very small section, SANS was utilised to estimate global size distribution 
of the precipitates in both quenched-tempered and cryogenically-tempered samples. 
Increase in dislocation density during DCT was correlated with the change in size 
distribution in the precipitated particles. 
 
Chapter 6: Wear testing was carried out on model alloys and AISI D2 tool steel to 
correlate the effect of retained austenite volume fraction and transformation on the 
wear behaviour of quenched-tempered and cryogenically-tempered martensite. High-
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stress abrasion wear test, low stress abrasion wear test and sliding wear test were 
conducted to establish the wear behaviour of model alloys and AISI D2 tool steel in 
different test conditions for both quenched-tempered and cryogenically-tempered 
samples. 
 
The following section contains a detailed description of the materials used, casting and 
sample preparation techniques, cryogenic treatment setup and advanced 
characterisation techniques such as, X-ray diffraction (XRD), Scanning electron 
microscopy (SEM), Atom probe tomography (APT) and Small angle neutron 
scattering (SANS) are contained in this chapter. Since model alloys were used in this 
project along with AISI D2 tool steel, the first section of this chapter is focussed on 
model alloy design. The latter half of this chapter is dedicated to the various 
characterisation techniques employed to study the microstructural evolution of deep 
cryogenically treated steels.  
 
3.1 Materials 
A vast proportion of the published literature on deep cryogenic treatment (DCT) has 
been performed on AISI D2 tool steel [5, 22, 84, 87, 99, 103-108, 111, 112, 123, 124, 
131, 132, 136, 162, 166-168, 172, 174, 179-183], which is a high-carbon, high-
chromium cold work steel. AISI D2 tools steel is alloyed with strong carbide forming 
elements, such as chromium, molybdenum and vanadium [18], together with solid 
solution strengthening elements, such as nickel [53]. The alloy chemistry of AISI D2 
tool steel results in a significant macro-segregation of carbide particles with a variety 
of sizes and morphologies within the microstructure [53]. This heterogeneous 
distribution of carbides in AISI D2 tool steels formed during solidification can create 
complexity in determining the microstructural effects of DCT. For example, pre-
existing alloy carbides of various sizes and morphologies may make difficult the 
identification and quantification by APT and TEM of newly precipitated carbides 
resulting from tempering martensite. Further, the presence of four alloying elements 
adds significant complexity to advanced APT analysis, such as cluster analysis, which 
is of interest for assessing the effect of DCT on solute distribution. Consequently, in 
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this present work, a group of simplified model alloys were designed to study the 
microstructural effect of DCT.  AISI D2 was also included as a reference alloy to allow 
comparison with the literature.  
 
In addition to the characterisation benefits of a simplified chemistry, the model alloys 
were designed to induce varying quantities of retained austenite in an as-quenched 
state.  Here the motivation was to understand the role of retained austenite in the 
microstructural evolution of martensitic steels during deep cryogenic treatment and 
during subsequent tempering. This aspect has been largely unexplored in the literature. 
A further motivation was to study the chemical nature of precipitates during the 
tempering of DCT martensite. Consequently, two families of alloys were designed 
capable of precipitating only iron carbides during tempering and the other precipitating 
both iron and alloy carbides. 
 
Alloy design was assisted by the use of predictive tools, specifically a Schaeffler 
diagram (Figure 3-1) [184] and approximations of martensite start (Ms, Equation 3-1) 
and finish (Mf, Equation 3-2) temperatures [185, 186]. The Schaeffler diagram was 
used to predict the microstructure of various alloy compositions after rapid cooling 
from 1050°C to room temperature [184], and the predicted Ms temperatures [185, 186] 
were used to estimate the volume fraction of retained austenite after quenching at room 
temperature. A binary alloy Fe-0.6C (wt.%) was selected as a base composition. This 
carbon content represents the highest hardenability in a binary alloy while forming a 
fully martensitic structure of lath morphology (i.e. no retained austenite, see Figure 3-
1) [23]. Nickel (Ni) and chromium (Cr) were added to the base binary alloy to induce 
retained austenite.  Ni and Cr were chosen because Cr is a strong carbide former and 
may form chromium carbides during tempering, whereas Ni is not a carbide former 
and will not partition with carbon during tempering [78, 187, 188]. Therefore, these 
two elements make an excellent choice for this particular model alloy study. 
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Figure 3-1: Schaeffler diagram from [184]. Seven model alloys are listed in the 
figure and the predicted as-quenched microstructure for these alloys at room 
temperature calculated as per the nickel and chromium equivalent are indicated in the 
figure by number 1 to 7.  
 
Both Ni and Cr in a Fe-C binary alloy increase the hardenability (the ease with which 
a given steel can be quenched to form martensite) by shifting the C-curve in a TTT 
diagram, as shown in Figure 3-2a [52]. Nickel is an austenite stabiliser and expands 
the γ-field in the Fe-Ni binary diagram, as shown in Figure 3-2b [189]. Therefore, the 
addition of nickel stabilises austenite at room temperature. Although chromium is a 
ferrite stabiliser, it strongly depresses the Ms temperature by shifting the C-curve in a 
TTT diagram [190]. Moreover, Cr forms a γ-loop at low concentration as shown in 
Figure 3-2a. Therefore, the addition of chromium also leads to austenite stabilisation.  
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Figure 3-2: [a] Effect of alloying element on shifting the TTT curve of Fe-C alloy to 
the right and reducing the critical rate of cooling thereby making the alloy more 
hardenable [52] [b] γ-loops formed in various binary systems of iron [189]. 
 
Seven model ternary alloys were designed; Fe0.6C-2Ni (2Ni), Fe0.6C-4Ni (4Ni), 
Fe0.6C-12Ni (12Ni), Fe0.6C-20Ni (20Ni), Fe0.6C-4Cr (4Cr), Fe0.6C-7Cr (7Cr) and 
Fe0.6C-11Cr (11Cr). Figure 3-1 displays the Schaeffler diagram and the predicated 
microstructure of the seven model alloys at room temperature in an as-quenched 
condition. This prediction was based on the empirically derived nickel equivalency 
and chromium equivalency of the alloys. A similar prediction of Ms temperatures 
based on composition is also widely reported in the literature [185, 186, 191-195]. Ms 
and Mf temperatures in this thesis were estimated based on Equations 3-1 and 3-2 [185, 
186]. The as-quenched microstructure was predicted for all model alloys, Table 3.1, 
using both Schaeffler diagram [184] and Ms and Mf temperatures [185, 186]. For 
example, estimation from Schaeffler diagram shows fully austenitic microstructure for 
as-quenched 12Ni and 11Cr alloy, however, the corresponding Ms temperature for 
these alloys are above room temperature, clearly indicating the presence of martensite 
in as-quenched condition. A similar analysis on all alloys was performed to predict the 
as-quenched microstructure. The microstructure was predicted based on the law of 
mixture by assuming 100% austenite at Ms temperature and 100% martensite at Mf 
temperature. In addition to the seven alloys listed in Figure 3-1, 20Ni alloy was added 
to the group to have an alloy with a fully austenitic microstructure at room temperature. 
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This alloy was added to study the microstructural evolution during tempering of 
martensite formed at sub-zero temperature. 
 Ms(°C) = 539 − 423C − 30.4Mn − 17.7Ni − 12.1Cr − 7.5Mo  Equation 3-1 Mf(°C) = Ms(°C) − 215      Equation 3-2 
 
Table 3.1: Model alloy design table showing the estimated Ms, Mf temperature and 
the predicted as-quenched microstructure using the estimated Ms, Mf temperature. 
Type Alloy Design 
Reference 
to Figure 
3-1 
Ms (°C)  
[185, 
186] 
Mf (°C) 
[185, 
186] 
Predicted as-quenched 
microstructure at 25°C 
Base 
Alloy Fe-0.6C 1 285 70 100% martensite 
Ni 
Addition 
matrix 
Fe-0.6C-2Ni 2 250 35 99% martensite 1% retained austenite 
Fe-0.6C-4Ni 3 214 0 98% martensite 2% retained austenite 
Fe-0.6C-12Ni 4 73 -142 67% martensite 33% retained austenite 
Fe-0.6C-20Ni  -69 -284 100% retained austenite 
Cr 
Addition 
matrix 
Fe-0.6C-4Cr 5 237 22 99% martensite 1% retained austenite 
Fe-0.6C-7Cr 6 201 -15 97% martensite 3% retained austenite 
Fe-0.6C-11Cr 7 152 -63 89% martensite 11% retained austenite 
 
 
The designed alloys were cast in a Dura-Line® coreless induction melting furnaces 
with a 25 kg capacity. This furnace was an open-top design with a cover gas of argon 
used to protect the melt. Raw materials used for casting were 99.99% pure electrolytic 
pure iron, 99.92% pure electrolytic nickel, and graphite powder. The compositions 
were cast sequentially, starting with the binary alloy then progressively more 
concentrated alloys.  During melting the composition of the melt was were checked 
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using a SPECTROMAXx stationary metal analyser and the alloy trimmed as required. 
The metal was cast into steel chill moulds with cavity dimensions of 2200 mm x 150 
mm x 40 mm. The ingots were subsequently sectioned into 50 mm x 35 mm x 40 mm 
blocks for homogenisation in a Tetlow ceramic tube furnace at 1200°C for 24 hours 
under an argon atmosphere.  The homogenised blocks were hot rolled at 1000°C 
reducing the thickness from 35 mm to 12 mm in four passes (22% reduction per pass) 
and finally air cooled to room temperature. The composition of these alloys is detailed 
in Table 3.2a, and these hot rolled samples were used for subsequent thermal treatment. 
Clearly close to the designed composition was achieved, with carbon being the most 
difficult to control in this open top furnace configuration. This may add variability to 
hardenability, though taking a simple binary estimate from Figure 2-8 (Chapter 2, page 
number 41) this variability would only equate to ~30 HV. 
 
Forged and annealed AISI D2 tool steel was purchased from a commercial supplier, 
Bohler Uddeholm Australia, in the form of 100 mm square billets. This material was 
cut into 100 mm x 20 mm x 10 mm sections and was used for subsequent thermal 
treatment. The chemical composition of the AISI D2 tool steel in as received condition 
was analysed by a SPECTROMAXx stationary metal analyser and found to be within 
the specification. Table 3-2b shows the chemical composition of forged and annealed 
AISI D2 tool steel. 
 
Table 3.2: Chemical composition determined using a SPECTROMAXx stationary 
metal analyzer in weight percent of a) cast model alloys and b) AISI D2.  
a) 
Type Alloy  Composition (wt.%) 
Fe C Ni Cr 
Base Alloy Fe-0.6C 99.2 0.57 <0.0015 0.009 
Ni  
Fe-0.6C-2Ni 97.1 0.55 2.1 0.019 
Fe-0.6C-4Ni 95.2 0.63 3.9 0.019 
Fe-0.6C-12Ni 87.2 0.66 11.8 0.021 
Fe-0.6C-20Ni 79.4 0.55 19.7 0.018 
Cr  Fe-0.6C-4Cr 95.2 0.54 0.014 4.1 
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Fe-0.6C-7Cr 91.7 0.57 0.017 7.5 
Fe-0.6C-11Cr 88.8 0.53 0.016 10.4 
 
b) 
Element Composition (wt.%) Element 
Composition 
(wt.%) 
C 1.568 Cu 0.085 
Si 0.275 Nb 0.017 
Mn 0.266 Ti 0.002 
P 0.007 V 0.69 
S <0.0005 W 0.114 
Cr 12.26 Zr 0.01 
Mo 0.694 B 0.0005 
Ni 0.23 Zn 0.0006 
Al 0.031 N 0.091 
Co 0.054 Fe 83.58  
 
 
3.2 Thermal treatment of materials 
Thermo-Calc was used to generate the equilibrium phase diagrams of the Fe0.6C-xNi 
(Figure 3-3a)) and Fe0.6C-xCr (Figure 3-3b) systems to determine the process 
temperature for austenitising. The equilibrium diagram of Fe0.6C-xNi alloys indicates 
a temperature above 900°C would allow full austenitising, whereas for Fe0.6C-xCr 
alloys a temperature in excess of 1060°C is required to dissolve all the primary alloy 
carbides. Therefore, two different temperatures were chosen for austenitising the 
model alloys. The nickel-containing alloys were austenitised at 1000°C in a fluid bed 
furnace and the chromium-containing alloys were austenitised at 1150°C in a muffle 
furnace. Austenitising for all model alloys were carried out for 30 minutes in an inert 
atmosphere followed by an immediate water quench. Austenitising of AISI D2 was 
performed at various temperatures; 980, 1020, 1040, 1060 and 1080°C, holding the 
sample in an inert atmosphere at temperature for 30 mins before water quenching. The 
motivation for this was to create varying quantities of retained austenite in the as-
quenched AISI D2 microstructure, and the subsequent effects of phase austenite-to-
martensite phase transformation resulting from DCT.  This is quite a departure from 
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previous studies on commercial alloys (AISI D2 in particular), where single 
austenitising temperatures have been applied (commonly 1020°C).  
 
 
Figure 3-3: Equilibrium phase diagram generated from Thermo-Calc for [a] Fe0.6C-
xNi and [b] Fe0.6C-xCr alloys. 
 
Half of the austenitised samples from all alloys were subjected to deep cryogenic 
treatment. It has been reported that the sudden cooling to cryogenic temperatures can 
lead to thermal cracking through differential contraction/expansion and the effects of 
austenite-to-martensite transformation-induced volume [91, 98]. Therefore, for 
controlled cooling and soaking at cryogenic temperature, a cryogenic treatment 
chamber manufactured by Cryotron© was used in this project (shown schematically 
in Figure 3-4a). The working fluid. liquid nitrogen is supplied from a dewar into the 
cryogenic treatment chamber through a controller.  The cryogenic treatment chamber 
was calibrated by measuring the temperature of two mild steel samples (50 mm x 50 
mm x 10 mm) with thermocouples embedded, one placed at the top and other at bottom 
of the chamber and noting the temperature displayed in the instrument. The instrument 
was programmed to cool down to −196°C at 1°C per min, soak for 12 minutes and 
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ramp up to room temperature by natural heating.  From Figure 3-4b, a linear cooling 
rate of 1°C per minute to −196°C and a polynomial heating rate to ambient temperature 
were observed. The temperature profile of the instrument thermocouple was consistent 
with the readings observed on mild steel samples placed at top and bottom of the 
chamber. This confirmed that the instrument was well calibrated and that the 
instrument temperature profile output can be used with confidence. Consequently, 
thermocouples were not embedded in test samples during DCT.  DCT was performed 
on all alloys at a temperature of −196°C for predominately a 24h soak time, though 
soaking times of 4 and 36 h were also applied to select alloys.  
 
  
Figure 3-4: [a] Schematic representation of DCT instrument setup used in this study. 
[b]Temperature profile of cryo-box during 10 minutes soak test at −196°C. 
Temperatures recorded by the inbuilt thermocouple is compared with the temperature 
of two mild steel samples placed at the top (sample top) and bottom of the chamber 
(sample bottom). 
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Tempering was performed on the martensitic structures (both as-quenched and DCT). 
Tempering was performed in a fluid bed furnace at 200°C for 2 hours followed by air 
cooling. This temperature was chosen as the vast majority of prior work [105, 107, 
108, 123, 132, 172, 174] have reported property effects when applying this tempering 
temperature to DCT martensitic materials. A summary of all thermal treatment 
performed in this work is contained in Table CC. 
 
Table 3.3: Summary of all thermal treatment performed in this work. 
 
Austenitising 
temperature (°C) / 
time (min) 
Quenching DCT temperature (°C) 
Soaking 
time at 
DCT (h) 
Tempering 
temperature 
(°C) / time 
(h) 
Fe0.6C 
1000/30  
Water 
-196 
4 
200/2  
2Ni 
4Ni 
12Ni 
20Ni 
24 
4Cr 
1150/30  7Cr 
11Cr 
AISI D2 
tool 
steel 
980/30  
Air 
1020/30  
36 1040/30  1060/30 
1080/30  
 
3.3  Material characterisation and testing 
3.3.1 Hardness measurement 
Hardness measurements were carried out after quenching, cryogenic treatment and 
after tempering. Samples were prepared from a cross-section of model alloys and AISI 
D2 tool steels after each condition listed above. Sectioned samples were mechanically 
grounded across the cross-section using 1200-grit silicon carbide (SiC) paper to obtain 
a uniform roughness across the surface and to ensure a clean reflective surface. A clean 
reflective surface ensures that the corners of an indent would be easier to access. Care 
was taken to obtain plane-parallel surface during preparation and to ensure that the 
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indenter was perpendicular to the test surface. Microhardness Vickers tests were 
conducted on a Struers DuraScan G5 hardness tester at 1N with a dwell time of 15 
seconds. The reported hardness readings were the average of fifteen measurements. 
Error bars were calculated by measuring the standard deviation of the fifteen 
measurements. 
 
3.3.2 X-ray Diffraction 
X-ray Diffraction (XRD) measurements were carried out using PANalytical X'Pert³ 
Pro MRD (XL) diffractometer and Bruker D8 ECO diffractometer for estimating the 
amount of retained austenite, dislocation density and residual stresses. Examples of 
the use of XRD to quantify the volume fraction of phases in steel samples using ASTM 
practice [196] are found in [102, 107, 197].  Similar examples of the use of XRD in 
steel samples to quantify dislocation density are found in [115, 198, 199] and to 
estimate the residual stress in [134, 135, 200]. 
 
3.3.2.1 Quantification of retained austenite 
Samples for quantification of retained austenite using XRD were prepared through 
standard metallographic sample preparation technique.  Samples were initially 
sectioned using a Struers Accutom cutting machine. The sectioned specimens were 
mechanically grounded using 80-grit SiC paper and finished with 1200-grit paper. This 
was followed by polishing using 15μm to 1 μm diamond paste. A further polishing for 
10 minutes in an active oxide polishing suspensions was done on all samples before 
testing. The specimens were cleaned after each step to avoid contamination. This 
degree of care was taken during sample preparation to avoid the transformation of 
retained austenite to martensite by applied stresses. XRD spectra for analysis were 
produced using a PANalytical’s X'Pert³ Pro MRD (XL) diffractometer using Copper 
Kα radiation (wavelength of 0.154 nm) with an in-line focus configuration. A power 
source of 40kV and 30mA were used to produce the X-rays. The patterns were 
recorded between 40 to 105° 2θ angle with a step size of 0.01°. The data was analysed 
using a profile and structure analysis software, TOPAS, to quantify the volume fraction 
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of retained austenite. Rietveld method [201] uses analytical profile functions and least-
squares algorithms to fit a theoretical pattern to a measured pattern. After the profile 
is fitted the volume fraction of retained austenite is determined by the knowledge that 
intensity of X-ray observed for a phase will depend on the concentration of that phase 
in a multi-phase mixture [202]. Austenite peaks from diffraction planes (111), (200) 
and (220) were used to determine the fraction of retained austenite. 
 
3.3.2.2 Estimation of dislocation density 
The estimation of the dislocation density using XRD is based on the broadening of the 
diffraction lines [203]. There have been many methods to estimate dislocation density 
in metals by XRD profile analysis, Williamson-Hall [204], Warren-Averbach [205, 
206] and Variance methods [207, 208] are commonly used. In the present study a 
profile and structure analysis software, TOPAS, was used to estimate the dislocation 
density. In a similar way to the quantification of retained austenite, the profile of the 
diffracted pattern was fitted by the Rietveld method [201]. After the profile was fitted 
the dislocation density is estimated by measuring the broadening in XRD peaks. There 
are three contributions to broadening in an XRD peak; instrumental broadening, 
crystallite size broadening and microstrain broadening. Therefore peak broadening 
measured during analysis can be equated as [202].  
𝛽𝛽𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 = 𝛽𝛽𝑒𝑒𝑒𝑒𝑖𝑖𝑒𝑒𝑒𝑒𝑖𝑖𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒 + 𝛽𝛽𝑖𝑖𝑒𝑒𝑠𝑠𝑒𝑒 + 𝛽𝛽𝑖𝑖𝑒𝑒𝑒𝑒𝑠𝑠𝑒𝑒𝑒𝑒    Equation 3-3 
Where βexperiment is the experimentally measured full-width half maximum 
(FWHM).  
 
Instrumental broadening depends on the X-ray source profile and the goniometer 
optics. Instrumental broadening can be readily measured using a standard NIST 
certified LaB6 sample and subtracted from the peak width measured [209], and this 
was applied in this study. Broadening due to crystallite size is provided by the Scherrer 
equation (Equation 3-4), which shows that crystallite size (L) is inversely proportional 
to peak width (β) [210-212] with a Scherrer constant (K) varying from 0.62 to 2.08 
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[213]. Since the crystal size of the present sample was large (greater than ~250 nm), 
broadening due to crystallite size can be considered negligible [212].  
 𝛽𝛽𝑖𝑖𝑒𝑒𝑠𝑠𝑒𝑒 =  𝐾𝐾λ𝐿𝐿.𝑐𝑐𝑐𝑐𝑖𝑖𝑐𝑐        Equation 3-4 
Peak broadening induced by micro-strain (ε) is described in [212] as  𝛽𝛽𝑖𝑖𝑒𝑒𝑒𝑒𝑠𝑠𝑒𝑒𝑒𝑒 =  2𝜀𝜀𝜀𝜀𝜀𝜀𝜀𝜀𝜀𝜀       Equation 3-5 
Micro-strain broadening is caused by crystal imperfections such as dislocations, point 
defects, non-uniform lattice distortion, antiphase domain boundaries and grain surface 
relaxation [214]. It is often related to dislocations causing extended displacement fields 
in the crystal [215]. Therefore, dislocation density (ρ) can be calculated from the 
broadening using the following equation [216, 217]; 
ρ = 𝑘𝑘 �𝜀𝜀
𝑏𝑏
�
2
        Equation 3-6 
Where, k is 14.4 for BCC metals [216] and b is the magnitude of burger vector, which 
is 0.248nm for BCC iron [218]. 
 
Sample preparation to estimate dislocation density was similar to the sample 
preparation to estimate retained austenite. Care was taken to avoid deformation in the 
surface during sample preparation. XRD spectra were produced using a PANalytical’s 
X'Pert³ Pro MRD (XL) diffractometer using Copper Kα radiation (wavelength of 0.154 
nm) with a line focus configuration. A power source of 40kV and 30mA were used to 
produce the X-rays. The patterns were recorded between 40 to 105° 2θ angle with a 
step size of 0.01°. For pure iron samples used in the SANS experiment, XRD spectra 
to measure dislocation density after different percent of reduction were produced using 
a Bruker D8 ECO diffractometer using Cobalt Kα radiation in line focus configuration. 
A power source of 40kV and 25mA were used to produce the X-rays. The patterns 
were recorded between 48 to 105° 2θ angle with a step size of 0.007°. The Bruker D8 
ECO diffractometer was used for this part of the experiment because of the ease of 
availability at that time.  
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3.3.2.3 Measurement of residual stress 
Residual stress is the stress that remains in a material that is not subjected to any 
outside stresses and is the result of the metallurgical and mechanical history of the 
material  [219]. XRD method of determining stress measures the d-spacing of the 
diffraction planes using Bragg’s law, where the difference in d-spacing between 
measured and ideal `d-spacing indicates the presence of stress. The measured strain in 
the lattice plane is used to determine the magnitude of the residual stress using Hooks 
law. Consider a stressed material (shown in Figure 3-5), where three mutually 
perpendicular directions (principal directions, marked as 1, 2, 3) are normal to planes 
on which no shear stress acts [202]. The stresses acting in the principal directions are 
called the principal stresses (σ1, σ2, σ3). Figure 3-5 displays that the principal stresses 
σ1 and σ2 are parallel to the surface and σ3 is normal to the stressed surface. Since the 
principal direction (3) is normal to the surface then the stress state, σ3 = 0. However, 
the strain along the principal direction (3) is not zero and estimated by the Poisson 
contraction; 
𝜀𝜀3 =  −𝜈𝜈(𝜀𝜀1 +  𝜀𝜀2) = − 𝜈𝜈𝐸𝐸 (𝜎𝜎1 +  𝜎𝜎2)      Equation 3-7 
Where, ε1, ε2 and ε3 are the strain acting in principal directions (1, 2 and 3), ν is the 
Poisson's ratio, and E is the Young's modulus �𝐸𝐸 = 𝜎𝜎
𝜀𝜀
�. To measure residual stress of 
a single stress (σφ) acting in a direction, OC in Figure 3-6, a plane OABC has to be 
plotted, where φ is the angle between OC and one principal direction and ψ is the angle 
between OC and to the surface normal. Strain (εψ) was determined using elasticity 
theory [202] as; 
εψ =  1E  �σϕ(1 + υ) sin2 ψ − υ(σ1 + σ2)�     Equation 3-8 
Substituting Equation 3-7 in 3-8 yields; 
εψ − ε3 =  σϕE  (1 + υ) sin2 ψ      Equation 3-9 
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This is the basic equation for stress measurement using XRD [202]. By further 
approximation using plane spacing for biaxial stress state [220] yields; 
dϕψ =  d0 (1+υ)E σϕsin2 ψ − d0 υE (σ1 + σ2) + d0   Equation 3-10 
Where, dn is the d-spacing of planes parallel to the surface under stress and d0 is the d-
spacing of planes parallel to the surface under no stress. Further, if m is the slope of 
plot d vs sin2 𝜓𝜓 and 𝑑𝑑0 is the interplanar spacing for an unstressed material, then; 
m =  d0 (1+υ)E σϕ       Equation 3-11 
σϕ =  md0 � E1+υ�       Equation 3-12 
Where E is Young’s modulus and ν is the Poisson’s ratio of the material. This equation 
was employed for residual stress calculation in this work. For further information on 
this calculation, the reader is referred to [202]. 
 
 
Figure 3-5: Surface of stressed material showing stress acting in three principal 
directions (σ1, σ2, σ3). The figure also shows stress (σφ) that is measured using XRD 
[202]. 
 
A well-developed sample preparation method was employed for the residual stress 
measurements, taking particular care to avoid any polishing or grinding effects that 
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may affect the residual stress measurement. The section with a thickness of 1 mm of 
selected model alloys (Fe0.6C, Fe0.6C-4Ni and Fe0.6C-12Ni) and AISI D2 tool steel 
were cut prior to austenitising. Austenitising was carried out under nitrogen 
atmosphere in a fluid bed furnace to eliminate the formation of oxide scales. After 
austenitising, the as-quenched samples were measured for stress. The same samples 
were deep cryogenically treated and then again analysed for any changes in residual 
stress. These samples were tempered and remeasured to see the effect of tempering on 
residual stress of deep cryogenically treated samples. For estimation of residual 
stresses, XRD spectra were produced using a PANalytical’s X'Pert³ Pro MRD (XL) 
diffractometer using Copper Kα radiation (wavelength of 0.154 nm) in point focus 
configuration. A power source of 40 kV and 30 mA were used to produce the X-rays. 
The patterns were recorded between 80 to 85° 2θ angle with a step size of 0.02° at 
different psi values between 0 and 50°. Young’s modulus and Poisson’s ratio to use in  
Equation 3-12 to calculate the residual stress in model alloys is taken from [221]. Table 
3.4 lists the parameters used to estimate residual stress.   
 
Table 3.4: Parameters used for residual stress measurement taken from [221]. 
Description Value 
Young’s modulus 210 GPa  
Poisson’s ratio 0.2930  
Cell symmetry Cubic 
 
 
3.3.3 Scanning Electron Microscopy 
Standard metallographic sample preparation technique was used on samples before 
analysing through Scanning Electron Microscopy (SEM). The heat-treated samples 
were mechanically grounded using 80-grit SiC paper and finished with 1200-grit SiC 
paper. This was followed by polishing using 15μm to 1 μm diamond paste. SEM was 
performed on a Zeiss Supra 55VP equipped with a Schottky-type field emission 
electron source that allows imaging down to nanometer scales. The in-lens secondary 
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electron detector (SE) was used to examine samples that had been etched to reveal 
surface topography, and the lens-mounted angular selective backscatter detector (AsB) 
was used to examine polished specimens using both orientation and atomic number 
contrast. For chemical analysis, an Oxford Instruments energy dispersive X-ray 
spectrometer (EDS) was used at an accelerating voltage of 15KV and aperture size of 
60μm. The working distance of 10 mm, 5 mm and 13 mm were utilised for SE, AsB 
and EDS detectors, respectively. 
 
3.3.4 Atom Probe Tomography 
Atom Probe Tomography (APT) is performed on a needle-shaped specimen with a tip 
radius of approximately 50 nm or less [222]. There are two main approaches to prepare 
APT samples – electropolishing and Focused Ion Beam (FIB) [223]. In this study, 
needle-shaped specimens for the APT experiment were prepared by a combination of 
electropolishing and FIB method. Figure 3-6 shows the schematic representation of all 
four steps involved in APT sample preparation, which are described below;  
Step 1: The specimens were first cut into 0.3 mm square bars of length 20 mm using 
a Struers Accutom cutting machine as shown in Figure 3-6a.  
Step 2: First stage coarse electropolishing (Figure 3-6b) was performed in an 
electrolytic solution of 10% perchloric acid in glacial acetic acid. The bulk of the 
material was removed at this stage and the process ceased when the specimen end has 
a small shank angle for further electropolishing.  
Step 3: Micro-loop polishing [224] was performed under an optical microscope in a 
standard micro-loop apparatus with 2% perchloric acid in butoxyethanol as the 
electrolyte [225] (Figure 3-6c). The specimen was repeatedly moved through the loop 
that holds a bubble of the electrolyte. The voltage between the electrolyte and the 
specimen is changed dynamically based on the progression of the tip shape by the user. 
Polishing can be ceased when the tip of the specimen is invisible at 50x [226]. 
Step 4: The electro-polished samples were given a final sharpening treatment using a 
two-stage FIB milling process using an annular pattern in the FEI Quanta 3D FEG 
FIB-SEM as shown in Figure 3-6d. Gallium ions were used for milling. 
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Figure 3-6: Schematic representation of four-step APT specimen preparation [a] 
0.3mm square bars which are cut using a Struers Accutom cutting machine [b] 
Rough electropolishing setup [c] Micro loop or fine electropolishing setup [d] FIB 
milling using an annular milling pattern  [226]. 
 
The APT analysis was performed on a Local Electrode Atom Probe (LEAP 4000X 
HR). The FIB sharpened needle-shaped specimen was left in the load-lock chamber 
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for 12 hours prior to testing at a pressure less than 10−3 Pascal. The specimen was then 
cryogenically cooled to 50K and visually aligned pointing towards the local electrode. 
The analysis was performed in a voltage pulse mode at 200 kHz with a pulse fraction 
of 20% and a detection rate of 1.0%. The obtained data was reconstructed through a 
series of steps using the IVAS software. During analysis, it was found that superior 
reconstructions were obtained using the tip profile mode instead of the usual voltage 
evolution mode. Figure 3-7 shows the reconstruction stages of Fe-0.6C as-quenched 
sample using Tip profile mode in IVAS software. Figure 3-7-a shows the FIB image 
taken from FEI Quanta 3D FEG FIB-SEM during the final step of needle-shaped 
specimen preparation for APT. The reconstruction using tip profile mode is similar to 
voltage reconstruction, however, replaces the radius value with the data determined 
from the FIB image, as shown in Figure 3-7-b. The final reconstructed image of the 
APT sample is shown in Figure 3-7-c. APT reconstruction for all other samples is 
given Appendix B. 
 
 
Figure 3-7: Tip profile mode reconstruction stages of the Fe-0.6C as-quenched APT 
sample. [a] FIB image of the tip [b] Trace of the radius of the tip as a function of 
depth and [c] final reconstructed image. 
 
Cluster analysis was performed using the cluster analysis algorithm in IVAS software. 
The user input parameters for this algorithm are the maximum separation distance 
(dmax) between solute atoms, kth nearest neighbour solute ion within dmax, the minimum 
number of solute atoms (Nmin) to be present in order to be classified as a cluster, and 
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envelope distance (L) of solute atom to be included as a part of that cluster and erosion 
distance (derosion). Once the clusters are identified, the Guinier radius, rG, which 
represents the actual size of the feature can be determined using the following equation 
[223], 
𝑟𝑟𝐺𝐺 =  �53 𝐼𝐼𝑔𝑔        Equation 3-13 
Where, radius of gyration, Ig, can be estimated as [223] 
𝐼𝐼𝑔𝑔 =  �∑ [(𝑒𝑒𝑖𝑖−?̅?𝑒)2+(𝑦𝑦𝑖𝑖−𝑦𝑦�)2 + (𝑠𝑠𝑖𝑖−?̅?𝑠)2]𝑛𝑛𝑖𝑖=1 𝑒𝑒      Equation 3-14 
Where, xi, yi, and zi are the spatial coordinates of each atom as determined using APT. 
 
3.3.5 Small Angle Neutron Scattering 
The interaction of neutrons with inhomogeneities in a sample can cause a small 
deviation of the radiation from the incident direction, referred to as Small Angle 
Neutron Scattering (SANS) [227]. SANS occurs in many materials and can be used to 
investigate inhomogeneities, such as precipitates of sizes 10-1000 Å [227, 228]. All 
SANS experiments were conducted using the Time-of-Flight (ToF) SANS instrument, 
BILBY, at the Bragg Institute, Australian Nuclear Science and Technology 
Organisation [229]. ToF mode in BILBY allows extension of the measurable q-range 
over a wide range of wavelengths, from 2 to 20Å, which is not possible on a 
conventional reactor-based monochromatic SANS instrument. TOF mode is achieved 
in BILBY by creating neutron pulses, using 4 boron coated carbon fibre choppers 
[229], and resolving the neutron wavelength using ToF technology [230]. Figure 3-8 
shows the layout of BIBLY indicating the location of detector vessel, sample area, 
collimator, boron coated carbon fibre chopper, neutron velocity selector and shutters.  
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Figure 3-8: BILBY instrument layout indicating the location of detector vessel, 
sample area, collimator, chopper, selector and shutter [229]. 
  
Figure 3-9 shows the layout of the detector vessel and the location of 6 detector panels 
inside the vessel, with reference to the sample location and neutron source. The 
BILBY’s detector vessel is ~20 m long housing 6 detector panels inside a vacuum. 
The panels are made of 8 mm diameter, 9.3 atm 3He position-sensitive tubes [229]. A 
beam stop is used to shield the detector from direct beam exposure. 
 
 
Figure 3-9: Layout showing the detector vessel and the location of 6 detector panels 
inside the vessel w.r.t the location of sample and neutron source [229]. 
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Figure 3-10 shows a typical experimental setup in a small angle scattering experiment. 
When a monochromatic beam of wave vector Ki is incident on the sample, a portion 
of the beam is scattered with wave vector Ks. The scattering vector (q) of this beam 
can be calculated as the difference between the incident wave vector and the scattered 
wave vector [231]. The scattering vector can be calculated as,  
 
q = 4π
λ
sin �θ
2
�        Equation 3-15 
 
Where 𝜆𝜆 is the neutron wavelength and 𝜀𝜀 is the scattering angle. The probability of a 
neutron of wavelength λ being scattered at that particular q is defined as Intensity, I(q).  
 
 
Figure 3-10: Schematic diagram showing how the neutrons from the source (red) 
interact with the sample to form a transmitted beam (green) and scattered beam 
(blue) at an angle of 2θ. The scattering vector is shown as the difference between the 
incident wave vector and the scattered wave vector. 
 
The diffraction patterns obtained from SANS can be displayed as a function of a 
scattering vector (q) along with its intensity, I(q). The instrument data is reduced to 
I(q) using a data reduction Mantid software suite [232] using the below equation [229], 
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I(Q) = ΣR,λςQCsam,corr(R,λ)
dsamM.ΣR,λςQTcorr(λ,R)� Iempty_beam(λ)
�Mempty_beam.attempty_beam��.Ω(R).Detflood(R) Equation 3-16 
Where, dsam is the sample thickness, Tcorr is the sample transmission, M is the time 
for the data collection, Csam,corr is the measured counts per pixel per wavelength, Iempty_beam  is the intensity of empty beam and Ω(R) is the solid angle 
The samples for SANS analysis were cut to 20 mm x 20 mm x 1.1 mm using an 
Accutom-100 cutting machine as the final sample dimension were 20 mm x 20 mm x 
1 mm for better dimensional accuracy. The samples were reduced further to 1 mm 
thickness using 1200 grit SiC paper to get a uniform roughness across the surface. The 
scattering of neutrons occurs in two ways; nuclear scattering (interaction with the 
nucleus) or magnetic scattering (through the interaction of unpaired electrons). 
Magnetic scattering is particularly useful in steels as there is a very strong magnetic 
contrast between precipitates and matrix [231]. Moreover, if the matrix is magnetic 
and precipitates are non-magnetic, the magnetic scattering signal will have voids 
created by the non-magnetic precipitates. The size of the precipitate can be calculated 
from the size of these voids [233]. In this work, the samples were placed in a saturating 
magnetic field of 1 Tesla perpendicular to the incident neutron beam path. This 
magnetic field of 1 Tesla ensured a complete saturation of the Fe-matrix [233]. The 
scattered intensity of a magnetically saturated sample is the sum of both nuclear and 
magnetic scattering component, 
dΣ
dΩ
= dΣ
dΩnuclear
+  dΣ
dΩmagnetic
. sin2 ∝     Equation 3-17 
 
Where α is the angle between magnetic field applied and scattering vector. Therefore, 
when scattering intensity is measured along the magnetic field, 
dΣ
dΩ∝=0
= dΣ
dΩnuclear
       Equation 3-18 
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And when scattering intensity is measured perpendicular to the magnetic field, 
dΣ
dΩ∝=90
= dΣ
dΩnuclear
+  dΣ
dΩmagnetic
     Equation 3-19 
 
It is possible to calculate the scattering intensity from the obtained 2D pattern for both 
nuclear and magnetic components by evaluating data in a 15° arc along and 
perpendicular to the applied magnetic field. Figure 3-11 shows the schematic of 
employing a mask parallel and perpendicular to the applied magnetic field in a 2D 
SANS spectrum. The measured data along the magnetic field (grey colour) provides 
the nuclear component of scattering and the measured data perpendicular to the 
magnetic field (green colour) is the combined nuclear/magnetic component of 
scattering. The magnetic component of the scattering is determined by subtracting the 
nuclear from the combined nuclear/magnetic component. 
 
 
Figure 3-11: Analysis of SANS 2D spectrum to determine nuclear and magnetic 
signal by employing masks perpendicular and parallel to the applied magnetic field 
in a 15° arc. 
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It was anticipated that the martensitic structures formed in this work may have high 
and varying dislocation densities. Therefore an appropriate background correction was 
required for SANS analysis taking dislocations into account. Theoretically, small 
angle scattering of neutrons by dislocation could be induced by the local volume 
change [234] associated with a single dislocation, dislocation dipole, or possibly by 
the configuration factor of a dislocation wall [235, 236]. In order to evaluate if the 
dislocation density of the samples would have any impact on the background value, a 
series of annealed pure iron samples were cold rolled to varying reduction to develop 
different dislocation densities. Dislocation densities were then quantified using XRD 
by employing Rietveld method as described in Section 3.3.2.1. Figure 3-12 shows the 
amount of dislocation density in annealed pure iron samples that were cold rolled to 
achieve 20%, 40% and 60% reduction. The cold rolling was found to increase the 
dislocation density in pure iron substantially, with the effect rapidly saturating. 
 
 
Figure 3-12: XRD spectrum and dislocation density of cold rolled pure iron which 
was cold rolled to get 0%, 20%, 40% and 60% reduction. 
 
Figure 3-13 shows the nuclear and the combined nuclear/magnetic scattering signal 
from the annealed pure iron obtained by employing the 15° mask along and 
perpendicular to the magnetic field. It is evident that both signals are essentially the 
same, indicating that there are no scattering species in the pure iron. The cold rolled 
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pure iron samples were examined in SANS to quantify the changes in small angle 
neutron scattering due to the increase in dislocation density.   
 
 
Figure 3-13: Combined Magnetic/nuclear and nuclear small-angle scattering signals 
for pure iron. 
 
Figure 3-14 shows the log-log plot of the scattering data for pure iron cold rolled at 
different amounts of reduction. There was no observable difference in the scattering 
pattern for pure iron samples with different dislocation densities. Since there was a 
negligible difference in scattering between pure iron samples, fitting was done in the 
annealed pure iron sample. The fitting was done assuming scattering in pure iron is 
contributed from; Laue scattering (a background noise independent of q) [231] and 
dislocation contribution(q-4). Figure 3-14 shows the two-step process for fitting pure 
iron sample. In the first step, Laue scattering contribution (a horizontal line with 
constant ‘c’) and dislocation contribution (a straight line q-4 with slope ‘m’) are aligned 
close to the annealed pure iron scattering data by varying the ‘c’ and ‘m’. In the second 
step, both the lines are summed to get the fit on the scattered data. This fit is used as 
the background for all SANS data.  
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Figure 3-14: Background calculation step [a] SANS data for cold rolled pure iron in 
all 4 conditions [b] fitting q-4 and Laue scattering in raw data to determine the right 
background [c] fitting the calculated background to determine data fitting. 
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3.4 Wear testing 
Three different wear testing were conducted on quenched-tempered and cryogenically 
treated samples of model alloys and AISI D2 tool steels; high abrasion scratch test, 
low abrasion sliding wear test and ball on disc sliding wear test. Wear testing is specific 
to Chapter 6, in contrast to material characterisation which is performed in at least 2 
chapters. Therefore, measurement techniques, sample preparation and parameters used 
for wear testing are discussed in the methods section of Chapter 6. 
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CHAPTER – 4 
THE EFFECT OF CRYOGENIC 
TREATMENT ON THE QUENCHED-
STATE MICROSTRUCTURE OF 
MARTENSITIC STEELS 
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4 The effect of cryogenic treatment on the quenched-state 
microstructure of martensitic steels 
4.1 Introduction 
In the literature, deep cryogenic treatment (DCT) on quenched martensitic steels 
results in transformation of retained austenite [86, 153], “low temperature 
conditioning” of the martensite formed at room temperature [5, 111, 112], plastic 
deformation of newly formed martensite from retained austenite [113, 164], residual 
compressive stress [89, 134, 135, 200] and lattice defects such as, dislocations and 
vacancies [156]. However, there is an uncertainty about the microstructural changes 
that occur on quenched martensitic steels during DCT. In particular “conditioning of 
martensite” and the link between retained austenite transformation and dislocation 
density.    Furthermore, there is a lack of a systematic quantitative analysis of various 
microstructural aspects during DCT such as dislocation density and residual stress. 
Consequently, the objective of this chapter is to explore and systematically quantify 
the changes in quenched-state microstructure resulting from DCT, such as retained 
austenite transformation, mechanical properties, martensite substructure, solute 
distribution and residual stresses.  
 
4.2 Experimental methods 
A set of model alloys along with AISI D2 tool steel were systematically analysed to 
understand the effect of DCT on the quenched-state microstructure of martensitic 
steels. The model alloys were cast in a Dura-Line® coreless induction melting furnace 
with nominal composition and homogenised as described in Chapter 3. Binary model 
alloy (Fe0.6C) and the nickel-containing model alloys (2Ni, 4Ni, 12Ni and 20Ni) were 
austenitised at 1000°C in a fluid bed furnace and the chromium-containing model 
alloys (4Cr, 7Cr and 11Cr) were austenitised at 1150°C in a muffle furnace. 
Austenitising for all model alloys were carried out for 30 minutes in an inert 
atmosphere followed by an immediate water quench. Forged and annealed AISI D2 
tool steel was purchased from a commercial supplier, Bohler Uddeholm Australia, cut 
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to size and heat treated at various austenitising temperatures (980, 1020, 1040, 1060 
and 1080°C) for 30 minutes under inert atmosphere. All tool steel samples were air 
cooled after austenitising. DCT was carried out on quenched model alloys and AISI 
D2 tool steel at −196°C for different soaking time (4, 24 and 36 hours) in a cryogenic 
treatment chamber manufactured by Cryotron©. To characterise the effect of 
cryogenic treatment on the quenched-state microstructure, advanced characterisation 
techniques, such as X-ray diffraction (XRD), Scanning Electron Microscopy (SEM), 
Atom Probe Tomography (APT) and Small Angle Neutron Scattering (SANS) were 
used. XRD was used to measure the transformation of retained austenite to martensite, 
change in dislocation density and residual stress during DCT. SANS and APT were 
used to examine the changes in the distribution of solutes and precipitates on a global 
and local scale, respectively. The design of model alloys, sample preparation, heat 
treatment parameters and experimental techniques are explained in Chapter 3, and the 
reader is referred there for further information. 
 
4.3 Results 
4.3.1 As-quenched microstructure  
The as-quenched microstructure of all eight model alloys, as well as the AISI D2 tool 
steel, were examined using XRD to investigate the presence of retained austenite and 
carbide phases.  Figure 4-1 shows the XRD spectrum of the as-quenched model alloys 
with martensite and austenite peaks identified by red and blue line respectively. These 
spectra were then analysed in TOPAS, a profile and structure analysis software to 
quantify the volume fraction of martensite and retained austenite. TOPAS uses the 
Rietveld method to quantify the volume fraction of phases present and is based on an 
analytical profile function and least-squares algorithm to minimize the difference 
between the model and the experimental pattern [201]. The figure reveals that the 
martensite peaks are wider and the austenite peaks are narrower. Peak broadening, in 
general, is caused by instrumental broadening, size broadening (due to small crystallite 
size) and strain (deformation) broadening [202]. The observed broadening in 
martensite peaks is caused by the inherent high dislocation density [215] 
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Figure 4-1: XRD spectra of all eight model alloys in as-quenched condition. 
Martensite and austenite peaks are marked as red and blue line respectively 
 
Figure 4-2 shows the volume fraction of retained austenite in as-quenched model 
alloys determined using Rietveld method. The figure shows that the binary alloy, 
Fe0.6C, has a complete martensitic structure. This was expected as this alloy was 
chosen in the alloy design section to achieve a fully martensitic microstructure. 
Alloying elements in steel can be classified as austenite stabilizer or ferrite stabilizer 
with regards to their effect on ferrite (α) to austenite (γ) equilibrium [190]. Nickel (Ni) 
is an austenite stabilizer [78] and it can be expected in nickel-containing model alloys 
that increasing the Ni concentration would increase the retained austenite in as-
quenched condition. Consequently, the 12Ni and 20Ni alloys show a large fraction of 
retained austenite, as Ni is added in a relatively large percentage and 4Ni alloy show a 
small fraction of retained austenite. 2Ni alloy is reported as fully martensitic as no 
discernible austenite peaks were observed. Chromium (Cr) is considered as a ferrite 
stabiliser [78] however its effect on α/γ equilibrium is complicated [237]. Although it 
forms a γ loop, Figure 3-2, Cr lowers the Ms and Mf temperatures, and in the present 
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case, lowers the Mf to below room temperature leading to austenite retention under 
ambient conditions [185].  
 
 
Figure 4-2: Relationship between the quantity of retained austenite and the content of 
nickel (2, 4, 12, 20 wt.%) and chromium (4, 7, 11 wt.%) in a Fe-0.6C binary alloy.  
The samples were austenitised at 1000°C (Ni alloys) and 1150°C (Cr alloys) for 30 
minutes and water quenched. The volume fraction of retained austenite was 
determined from XRD data using Rietveld method 
 
Similar experiments were also performed on AISI D2 tool steel to determine the 
volume fraction of retained austenite in the as-quenched condition. However, unlike 
the model alloys which have martensite and retained austenite as constituent phases in 
the microstructure, AISI D2 tool steel contains carbides in addition to martensite and 
retained austenite. Carbides in as-quenched AISI D2 tool steel are typically a mixture 
of chromium, vanadium, molybdenum carbides and complex carbides composed of all 
these alloy elements [53]. Analysis of the XRD spectra from the as-quenched AISI D2 
tool steel revealed that Cr3C7 was the most prominent eutectic carbide present. This 
was consistent with the reported XRD results on the same alloy, austenitised at 1020°C 
for 30 min [238]. Figure 4-3 shows the XRD spectra of as-quenched AISI D2 tool steel 
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austenitised at 1020°C with peaks being indexed as martensite, retained austenite and 
Cr3C7 based on peak position. Consequently, the Rietveld analysis was performed on 
the basis that as-quenched AISI D2 tool steel only contains phases martensite, retained 
austenite and Cr3C7. An example of fitting using TOPAS is shown in Figure 4-3 where 
the difference between the fitted model and the experiment data is minor, indicating a 
good fit.  
 
 
Figure 4-3: XRD spectra of AISI D2 tool steel austenitised at 1020°C in as-quenched 
condition. The fitted model (red line) obtained from TOPAS is in good acceptance 
(blue line) with the experimental data (black dots). Martensite, austenite and 
chromium carbide peaks used for quantification are indexed in the figure 
 
Figure 4-4 shows the volume fraction of retained austenite and chromium carbide 
contained in the as-quenched AISI D2 tool steels after austenitising at various 
austenitising temperatures (980, 1020, 1040, 1060 and 1080°C). Figure 4-4 
demonstrates that the volume fraction of retained austenite increased with increasing 
austenitising temperature, while the changes in carbide percent were relatively small. 
The increase in the volume fraction of retained austenite with austenitising temperature 
is due to the combination of two factors: the increased dissolution of carbides and 
effects of austenite grain size [53]. At a relatively low austenitising temperature 
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(980°C) most of the eutectic carbides remain undissolved in the austenite matrix. In 
contrast, at a higher austenitising temperature (1080°C) some of the carbides are 
dissolved in the austenite matrix enriching the matrix with carbon and other alloying 
elements. As per Andrews [186], 0.1% increase of carbon in austenite matrix could 
decrease the Ms temperature by ~38°C. Other elements, such as chromium and 
molybdenum in the carbides will also decrease the Ms temperature, thereby retaining 
austenite at room temperature after quenching. Therefore, dissolution of 0.1% of Cr3C7 
could decrease Ms temperature by ~14°C [186] and increase the volume fraction of 
retained austenite by 6.5% based on the Equation 3-1.  
 
 
Figure 4-4: Volume fraction of retained austenite and chromium carbide (Cr3C7) in 
as-quenched AISI D2 tool steel determined from XRD data using Rietveld method. 
The samples were austenitised at various temperatures (980, 1020, 1040, 1060 and 
1080°C) for 30 minutes and air cooled 
 
Optical and scanning electron micrographs of Fe0.6C binary alloy is shown in Figure 
4-5. The binary alloy shows a fully martensitic structure consistent with the XRD 
results, Figure 4-2. The alloy has complete lath martensite, which is evident from both 
optical and scanning electron micrograph. From the optical micrograph of the binary 
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alloy, it is evident that the lath martensite exhibits block structures but has a uniform 
contrast making it difficult to recognise. This observation was consistent with the 
literature on a similar alloy (Fe-0.61C) [31].  
 
 
Figure 4-5: [a] Optical micrograph and [b] backscattered electron image of Fe-0.6C 
binary alloy showing fully martensitic microstructure. The samples were austenitised 
at 1000° for 30 minutes and water quenched to obtain the above microstructure. 
Samples were etched prior to imaging in 5% Nital 
 
The microstructure of the 2Ni, 4Ni and 12Ni alloys are shown in Figure 4-6 and these 
micrographs exhibit laths of martensite separated by pockets of retained austenite. The 
morphology of martensite differs with nickel addition. Figure 4-7 displays the size of 
the martensite laths for as-quenched 2Ni, 4Ni and 12Ni alloys quantified using ImageJ. 
It can be seen that the laths being larger at higher Ni concentrations. This could be due 
to the low Ms temperature. A fully austenitic microstructure was observed for the 20Ni 
alloy, Figure 4-6. Figure 4-8 shows the microstructure of as-quenched chromium 
model alloys in two different magnifications. The imaging was performed with SEM 
as resolving the microstructure was not possible with light optical microscopy. 
Secondary electron images from SEM for all chromium model alloys after etching in 
Vilella’s reagent shows laths of martensite. The pockets of retained austenite between 
laths of martensite are more prominent in high Cr (11Cr) model alloy because the 
volume fraction of retained austenite in higher and difficult to resolve in low Cr model 
alloys (4Cr and 7Cr). No chromium carbides were observed in any of the chromium-
containing model alloys, which is consistent with the XRD results. 
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Figure 4-6: Optical micrograph for all Ni model alloys [a] 2Ni [b] 4Ni [c] 12Ni and 
[d] 20Ni The samples were austenitised at 1000° for 30 minutes and water quenched 
to obtain the above microstructure. Samples were etched prior to imaging in 5% 
Nital 
 
Figure 4-7: Martensite lath size in as-quenched nickel-containing model alloys (2Ni, 
4Ni and 12Ni) and chromium-containing model alloys (4Cr, 7Cr and 11Cr) measured 
using ImageJ software 
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Figure 4-8: Secondary electron image of chromium model alloy [a] 4Cr, [b] 7Cr and 
[c] 11Cr at two magnification. The samples were austenitised at 1000° for 30 
minutes and water quenched to obtain the above microstructure. Samples were 
etched in Vilella’s reagent prior to imaging for improved contrast 
 
Figure 4-9 displays the as-quenched microstructure of AISI D2 tool steels austenitised 
at 980, 1020, 1040, 1060 and 1080°C. The microstructure consists of primary carbides, 
secondary carbides, martensite and retained austenite. According to the literature [53], 
as the austenitising temperature increases the prior austenite grain size increases 
together with a reduction in volume fraction of both primary and secondary eutectic 
carbides. However, this behaviour is not clearly evident from Figure 4-9. To observe 
an increase in prior austenite grain size with austenitising temperature, grain size 
measurement was performed on as-quenched samples austenitised at different 
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temperatures (980, 1020, 1040, 1060 and 1080°C). Figure 4-10 displays the average 
grain size from 10 SEM images of as-quenched AISI D2 tool steels, which was 
measured in ImageJ using a line intercept method. The figure reveals an increase in 
prior austenite grain size with austenitising temperatures. Higher magnification SEM 
images, Figure 4-11, indicate the dissolution of nano-sized eutectic carbides at high 
austenitising temperature. It should be also noted that the microstructure of AISI D2 
tool steel is quite heterogeneous making definitive quantification challenging.  
 
 
Figure 4-9: Secondary electron images of as-quenched AISI D2 tool steel 
austenitised at 980, 1020, 1040, 1060 and 1080°C followed by air cooling. Samples 
were etched in 5% Nital prior to imaging 
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Figure 4-10: Prior austenite grain size in as-quenched AISI D2 tool steel austenitised 
at 980, 1020, 1040, 1060 and 1080°C. The measurement was achieved using a line 
intercept method from 10 different SEM images. 
 
 
Figure 4-11: High magnification backscattered electron image of as-quenched AISI 
D2 tool steel austenitised at 980, 1020, 1040, 1060 and 1080°C indicating the 
dissolution of nano-sized eutectic carbides at high austenitising temperature 
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4.3.2 Effect of DCT on the phase fraction of retained austenite 
After DCT, the volume fraction of retained austenite in model alloys was determined 
using XRD. The XRD spectra of the cryogenically treated model alloys were 
quantified using TOPAS software. Table 4-1 demonstrates the change in retained 
austenite after DCT in the nickel model alloys and chromium model alloys. Of the 
eight model alloys investigated, four exhibited a significant transformation from 
austenite to martensite as a result of the DCT. The high concentration nickel alloys, 
12Ni and 20Ni, both showed a substantial phase transformation after DCT, Table 4-1. 
The same was true for the two high concentration Cr alloys, Table 4-1. In all four 
cases, the transformation at cryogenic temperatures is likely to be the result of the low 
Ms and Mf temperatures in these alloys. Similar measurements after DCT were 
performed for the as-quenched AISI D2 tool steel austenitised at various temperatures, 
Table 4-2. In both the model alloys and AISI D2 a complete transformation of retained 
austenite to martensite was not observed. This incomplete transformation of retained 
austenite below the Mf temperature is reported in AISI D2 tool steel austenitised at 
1030°C and cryogenically treated at −196°C for 12 h [239]. This could be due to the 
increased stability of the untransformed retained austenite [41, 42], which is detailed 
in Section 4.4.1.  Interestingly, the degree of retained austenite after DCT is similar 
for all alloys studied and austenitising treatments applied (1-8 vol.%, excluding the 
fully austenitic alloy), independent of the as-quenched retained austenite volume 
fraction (1-21%).  In Chapter 6, this allows wear testing of microstructures with similar 
martensite fractions after DCT evolved with very contrasting degrees of 
transformation. 
 
A few researchers [99, 103, 104, 139-142] have reported that soaking time at cryogenic 
temperature had an effect on the wear behaviour in martensitic steels. Therefore, the 
effect of soaking time (4 h, 24 h and 36 h) at a cryogenic temperature on the quantity 
of retained austenite transformation in all model alloys and variously austenitised AISI 
D2 tool steel was examined. The soak times were selected based on the following 
criteria: 24 h is the most commonly used soak time in the literature, 36 h has been 
reported [99, 104] to develop a maximum wear resistance, and 4 h presents lower 
minima. The amount of retained austenite transformed during DCT was similar for 
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different soaking times in both nickel-containing model alloy and chromium-
containing model alloy, Table 4-1. Therefore, the soaking time had no clear effect on 
the transformation of austenite to martensite. This may be expected as the martensitic 
transformation is athermal in nature [240]. Similar phase transformation analysis was 
carried out on AISI D2 tool steel, Table 4-2. It can be also seen in the AISI D2 tool 
steel that the amount of transformation of retained austenite during deep cryogenic 
treatment was the same irrespective of soaking time.  
 
Table 4-1: Amount of retained austenite in model alloys before (as-quenched) and 
after DCT for different soaking time (4 h, 24 h and 36 h) determined from XRD data 
using Rietveld method 
Alloy 
Volume fraction of retained austenite (%) Amount of 
retained austenite 
transformed after 
24 h DCT 
As-
quenched 4 h DCT 24 h DCT 36 h DCT 
Fe0.6C 0 0 0 0 0 
Fe0.6C-2Ni 0 0 0 0 0 
Fe0.6C-4Ni 4 0 0 0 4 
Fe0.6C-12Ni 28 5 6 8 22 
Fe0.6C-20Ni 100 17 18 18 82 
Fe0.6C-4Cr 3 2 3 2 0 
Fe0.6C-7Cr 5 3 3 3 2 
Fe0.6C-11Cr 8 3 3 3 5 
 
 
Table 4-2: Amount of retained austenite in AISI D2 tool steel before (as-quenched) 
and after DCT for different soaking time (4 h, 24 h and 36 h) determined from XRD 
data using Rietveld method 
Austenitising 
temperature 
of AISI D2 
tool steel 
(°C) 
Volume fraction of retained austenite (%) Amount of 
retained austenite 
transformed after 
24 h DCT 
As-
quenched 4 h DCT 24 h DCT 36 h DCT 
980 7 5 5 6 2 
1020 13 6 7 7 6 
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1040 12 6 7 6 5 
1060 20 6 7 7 13 
1080 22 9 9 8 12 
 
4.3.3 Effect of cryogenic treatment on the hardness of martensitic steels 
Figure 4-12 shows the hardness of all model alloys in the as-quenched condition. The 
fully martensitic as-quenched binary alloy (Fe0.6C) had a hardness of 706±16 HV. 
This hardness value is comparable to the reported value in a similar material (Fe0.56C) 
[241]. Figure 4-12 revealed that alloying of Ni and Cr in Fe0.6C alloy decreased the 
as-quenched hardness. This can confidently be attributed to the increased volume 
fraction of retained austenite in the as-quenched condition, Section 4.3.1. The effect 
of cryogenic treatment on the hardness of as-quenched model alloys is shown in Figure 
4-12, where an increase in hardness was observed in all model alloys that is both fully 
martensitic Fe0.6C alloy and fully austenitic 20Ni alloy showed an increase in surface 
hardness after DCT. The increase in hardness was also found to be independent of 
soaking time at cryogenic temperature. Increase in hardness of model alloys after DCT 
with the high volume fraction of retained austenite in as-quenched condition (4Ni, 
12Ni, 20Ni, 7Cr and 11Cr) was due to the transformation of soft retained austenite to 
a hard martensite phase during DCT. However, the increase in surface hardness of 
fully martensitic alloys (Fe0.6C and 2Ni) and alloys with minimal retained austenite 
(4Cr) in the as-quenched state was less expected. This result is discussed in detail in 
the Discussion section. 
 
Hardness was also measured on AISI D2 tool steel austenitised at various temperatures 
(980, 1020, 1040, 1060 and 1080°C) before and after DCT. Figure 4-13 shows the 
hardness of AISI tool steel austenitised at various temperatures in as-quenched 
condition and after DCT.  The hardness of as-quenched AISI D2 tool steel increased 
with austenitising temperature up to 1060°C. This could be due to the increase in 
matrix carbon with austenitising temperature, which is detailed in Section 4.3.1. 
However, the hardness is found to decrease at austenitising temperatures above 
1060°C, which could be explained by the increase in volume fraction of soft retained 
austenite, Table 4-2. The hardness of AISI D2 tool steel increased after DCT and was 
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independent of the soaking time at −196°C. Increase in hardness after DCT appears 
related to the amount of transformed retained austenite during DCT, which is discussed 
in more detail in Section 4.3.1. 
 
 
Figure 4-12: Hardness of all model alloys before (as-quenched) and after DCT 
performed at the various soaking time (4 h, 24 h and 36 h) at −196°C.  
 
Figure 4-13: Hardness of AISI D2 tool steel before (as-quenched) and after DCT 
performed at the various soaking time (4 h, 24 h and 36 h) at −196°C. 
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4.3.4 Effect of cryogenic treatment on dislocation density of martensitic 
steels 
As-quenched martensite in steel is reported to have a very high dislocation content, 
typically between 5x1014 to 4x1015 m−2 [45, 49, 54], within the crystals due to the 
macroscopic change in shape (shape strain) during martensitic transformation and/or 
due to the lattice expansion from the transformation from close-packed atomic 
structure (FCC) of austenite to the more open crystal structure of martensite 
(BCC/BCT) [215, 242, 243]. Martensite also inherits the dislocations from the parent 
austenite matrix [244]. The two most common method to measure dislocation density 
in metals are XRD and TEM. Dislocation density estimated using XRD gives an 
average value of the bulk material with a limited spatial resolution, whereas TEM can 
be used to determine highly accurate values for a very limited material volume 
provided that the dislocations can be clearly separated (accurate for dislocation density 
measurement below ~10 x 10-14 m-2) [245]. Martensitic steels are an inhomogeneous 
system, were dislocation density varies on a microscopic scale [246]. Therefore, 
measurement of dislocation density using XRD would be advantageous as this method 
provides an average value of the bulk material. Moreover, the estimated dislocation 
density for fully martensitic binary alloy, Fe0.6C (1.6 x 1015 m-2) using XRD in this 
thesis was similar to that reported in the literature for a similar alloy, Fe0.61C (3.2 x 
1015 m-2) using TEM [49]. In the present study, dislocation density was estimated from 
the broadening of X-ray diffraction lines using Rietveld method (details are contained 
in Chapter 3). The effect of DCT on the dislocation density of the model alloys is also 
shown in Figure 4-14. After DCT the dislocation density of the martensite phase was 
consistently found to increase. This was true for those alloys that exhibited substantial 
transformation from austenite to martensite (12Ni, 20Ni and 11Cr) as well as those 
alloys that showed no appreciable change in phase fraction (4Ni, 4Cr and 7Cr), 
including those alloys that were fully martensitic before DCT (Fe0.6C and 2Ni). There 
is a suggestion in the data that a large retained austenite-to-martensite transformation 
evolves a higher dislocation density. This will be addressed further in the Discussion 
section. Soaking time (4, 24, 36 h) at −196°C was found to have no discernible effect 
on dislocation density.   
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Figure 4-14: Dislocation density of model alloy before (as-quenched) and after DCT 
for different soaking time (4 h, 24 h and 36 h) measured using XRD and estimated 
using Rietveld method 
 
The dislocation density of martensite was also quantified in as-quenched AISI D2 tool 
steels austenitised at different austenitising temperatures, Figure 4-15. It is apparent 
that increasing the austenitising temperature had only a minor effect on increasing the 
dislocation density of martensite formed after quenching. The dislocation density of 
martensite in AISI D2 tool steel increased after deep cryogenic treatment for all 
samples austenitised at various temperatures, showing consistency in behaviour with 
the model alloy results. An increase in dislocation density in as-quenched AISI D2 tool 
steel after DCT appeared proportional to the volume fraction of retained austenite in 
as-quenched condition. This could be due to the lattice expansion from the 
transformation of retained austenite to martensite during DCT. The soaking time at 
−196°C was also found to have a limited quantitative change in the dislocation density 
of martensite in AISI D2 tool steel.  
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Figure 4-15: Dislocation density of AISI D2 tool steel before (as-quenched) and after 
DCT for different soaking time (4 h, 24 h and 36 h) measured using XRD and 
estimated using Rietveld method 
 
4.3.5 Effect of DCT on local solute distribution 
The local distribution of solutes, particular carbon, was examined using atom probe 
tomography (APT). APT experiments were performed on a LEAP 4000X HR. Sample 
preparation technique and experimental methodology for APT are detailed in Chapter 
3. A typical mass spectrum obtained during APT processing from the binary Fe0.6C 
alloy in as-quenched condition is shown in Figure 4-16. Elements were assigned to the 
mass spectrum by identifying the relevant mass-to-charge peaks of ions [247]. It can 
be seen from the figure that elements Fe and C have been identified in multiple charge 
states. Carbon was also detected in different molecular ions (𝐶𝐶32+, 𝐶𝐶31+and 𝐶𝐶21+). APT 
data sets were compared to bulk concentrations (refer to Table 3.2) to ensure that the 
assignment of elements to the corresponding peak in the spectrum gave appropriate 
compositional results. APT data sets that were not consistent in composition to the 
bulk values were eliminated from the examination.  
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Figure 4-16: Atom probe mass spectrum generated during the reconstruction of APT 
data of binary Fe0.6C alloy in as-quenched condition for elemental assignment by 
identifying and assigning the ions to the relevant mass-to-charge peaks. 
 
APT experiments were conducted on both as-quenched and deep cryogenically treated 
binary model alloys to understand the effect of cryogenic treatment on solute 
distribution in the fully martensitic microstructure. Deep cryogenically treated 4Ni and 
20Ni alloy were investigated to study the effect of retained austenite transformation 
on solute (carbon) distribution. Deep cryogenically treated 11Cr alloy was evaluated 
to study the effect of substitutional carbide forming element on solute (carbon) 
distribution.   
 
Figure 4-17 displays the carbon distribution of Fe0.6C alloy before (as-quenched) and 
after DCT (24 h DCT). It is visually evident that the carbon distributions are slightly 
different between the quenched and 24 h DCT samples. To quantify the change in 
carbon distribution, the nearest neighbour (NN) distribution of carbon atom was 
generated for both conditions. The NN distribution was chosen because it is a 
statistically robust way to investigate solute clustering and ordering in APT data [223]. 
The NN distribution was constructed using sample width as 0.10 Å and order of 5. The 
5th order NN distribution of Fe0.6C alloy before (as-quenched) and after DCT (24 h 
DCT) is shown in Figure 4-17. Examining the 5th order NN distribution in the as-
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quenched samples reveals the experimental distribution of carbon deviates from the 
corresponding random distribution, which is indicative of C atoms forming clusters 
Figure 4-17a. A similar result was observed in the 24 h DCT sample Figure 4-17b. 
 
 
Figure 4-17: Atom probe tomography of Fe0.6C alloy [a] in as-quenched condition 
[b] after 24 h DCT  at −196°C. The plot compares the APT reconstructed image, 
carbon distribution and the 5NN distribution of the carbon within the reconstructed 
volume for both conditions 
 
To further investigate the distribution of carbon during DCT, more Fe0.6C samples in 
as-quenched and after DCT conditions were subjected to APT. However, repeated tip 
breakage (only one specimen out of 13 examined generated a good APT dataset) at 
low atom count levels was experienced. Therefore, a statistically sound number of 
   
96 
 
datasets could not be obtained to investigate the distribution of carbon in martensite 
with this alloy. Since 4Ni, 20Ni and 11Cr were selected for APT analysis after DCT, 
these were selected to study the distribution of carbon before and after DCT. Of these 
three alloys, the maximum success rate, in terms of APT samples prepared to obtained 
data was with 11Cr alloy. Therefore, for a better statistical average 11Cr alloy was 
tested in the as-quenched condition to see if the carbon distribution is modified during 
DCT. Figure 4-18 shows the carbon distribution and 5th order NN distribution of 11Cr 
model alloy in quenched and 24 h DCT condition. The experimental distribution of 
carbon shows similar deviation from a random distribution in both quenched and 24 h 
DCT sample, indicative of similar carbon distribution. This is also visually evident 
from the reconstructed volumes. To further validate this finding, Figure 4-19 shows 
the reconstruction of six more samples of 11Cr alloy in as-quenched condition with 
the nearest neighbour distribution of carbon atom plotted alongside the reconstruction. 
The extent of the non-random distribution, how far the randomized dataset deviates 
from the measured one, is different for each dataset from the 11Cr sample. It is also 
noted that one of the volumes examined, volume 1 in Figure 4-19, was an outlier within 
this dataset. It showed a homogenous distribution of solutes, and there was no 
deviation between the random and experimental values. It is likely that this sample 
was austenite, not martensite. Regardless of this one outlier, the outcome of this 
analysis is that a significant variability in carbon distribution is present within the 
martensite structure. In other words, the carbon distribution in localised areas is 
different within the sample, and within this variability, no consistent change in 
distribution was observed as a result of DCT.  
 
A cluster finding analysis was carried out on these volumes to further examine their 
solute distributions, Figure 4-20. Cluster analysis was carried out with the same 
parameter for all samples for better comparison. The cluster finding analysis and the 
parameters used are detailed in Chapter 3. For this analysis, dmax = 1, Nmin = 100, order 
= 5, envelope parameter (L) = 1 and erosion parameter (derosion) = 1 were used. It can 
be seen that clusters from all 6 samples look the same with a log-normal distribution, 
Guinier radius ranging from 20 to 450 Å and mode between 30 to 40 Å.  Volume 1, 
which had a homogenous distribution of solute also showed a similar cluster 
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behaviour. Figure 4-21 shows the composition map of the cluster where carbon 
concentration is plotted as a function of Guinier radius. The figure depicts that the 
carbon concentration of all clusters in as-quenched 11Cr samples remains the same at 
about 15 at.%C  except for volume 1, which showed homogenous carbon distribution 
with a higher carbon concentration. Volume 1 has a carbon concentration of 20-30 
at.% C which is also higher than the bulk composition of 11Cr sample (2.7 at.% C).  
Therefore, volume 1 may be from a region of retained austenite because it has a 
homogeneous carbon distribution and it is enriched in carbon. 
 
 
Figure 4-18: Atom probe tomography of 11Cr alloy [a] in as-quenched condition [b] 
after 24 h DCT  at −196°C. The plot compares the APT reconstructed image, carbon 
distribution and the 5NN distribution of the carbon within the reconstructed volume 
for both conditions 
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Figure 4-19: Atom probe tomography of six quenched 11Cr alloy samples showing 
carbon atom reconstruction and corresponding nearest neighbour distribution. The 
plot illustrates the inhomogenous behaviour of carbon in quenched martensite 
 
   
99 
 
 
Figure 4-20: Cluster analysis of six as-quenched 11Cr alloy samples to illustrate the 
inhomogenous behaviour of carbon in quenched martensite 
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Figure 4-21: Composition analysis of clusters of six as-quenched 11Cr alloy samples 
– Carbon concentration is plotted against Guinier radius 
 
To observe the effect of DCT on the distribution of the substitutional solutes, Ni and 
Cr, the 4Ni and 11Cr model alloys were characterised using APT. Figure 4-22 shows 
the carbon and nickel reconstruction of the 4Ni model alloy after 24 h DCT. It can be 
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seen that the Ni has a homogenous distribution within the examined volumes, which 
is quite different to the behaviour of the carbon which shows clear non-random 
characteristics. Figure 4-23 shows the carbon and chromium reconstruction of the 11Cr 
model alloy after 24 h DCT. Similar to the nickel model alloys, 11Cr has a 
homogenous distribution of chromium within the examined volumes with non-random 
carbon distribution.    
 
 
Figure 4-22: Atom probe tomography of Fe0.6C-4Ni alloy after 24 h DCT at −196°C 
showing [a] the reconstructed data [b] carbon distribution [c] nickel distribution [d] 
5NN distribution of the carbon within the reconstructed volume [e] 5NN distribution 
of the nickel within the reconstructed volume 
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Figure 4-23: Atom probe tomography of Fe0.6C-11Cr alloy after 24 h DCT at 
−196°C showing [a] the reconstructed data [b] carbon distribution [c] nickel 
distribution [d] 5NN distribution of the carbon within the reconstructed volume [e] 
5NN distribution of the chromium within the reconstructed volume 
 
To understand the distribution of newly formed martensite during DCT, APT was 
performed on 20Ni model alloy after 24 h DCT. 20Ni model alloy has a fully austenitic 
microstructure at room temperature. Therefore, any martensite formed in the alloy 
after 24 h DCT would have formed during DCT.  Figure 4-24 shows the APT 
reconstruction of 20Ni alloys along with the carbon and nickel distribution. Similar to 
4Ni alloy, 5NN distribution of Ni in the alloy clearly show that Ni has a homogenous 
distribution within the examined volumes. The carbon distribution is however non-
   
103 
 
random as the experimental distribution of carbon deviates from random in the 5NN 
distribution of the alloy. 
 
 
Figure 4-24: Atom probe tomography of Fe0.6C-20Ni alloy after 24 h DCT at 
−196°C showing [a] the reconstructed data [b] carbon distribution [c] nickel 
distribution [d] 5NN distribution of the carbon within the reconstructed volume [e] 
5NN distribution of the nickel within the reconstructed volume 
 
4.3.6 Effect of DCT on global solute distribution 
Small angle neutron scattering (SANS) is a technique used to quantify the distribution 
of solutes in a volume of material [228].SANS was applied in this work to determine 
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the distribution of solutes (mainly carbon) and to examine if this distribution changes 
as a result of DCT. SANS experiments were conducted using the small angle neutron 
scattering instrument known as BILBY [229]. BILBY is a Time-of-Flight (ToF) SANS 
instrument located at Bragg Institute, Australian Nuclear Science and Technology 
Organisation (see Section 3.3.5 for details). A magnetic field of 1 Tesla was applied 
perpendicular to the incident neutron beam for complete magnetic saturation [233]. A 
complete magnetic saturation suppresses scattering from magnetic domains [248], in 
addition to assisting in the identification of non-magnetic precipitates, such as 
cementite (see Section 3.3.5 for details). Figure 4-25 displays a typical example of a 
2D SANS pattern obtained in the present work. In the figure, the scattering pattern is 
the bright white region near the centre, the blue outer region is the detector and the 
blue centre square is a set of 3 rectangular beam stops to shield the detector from the 
direct beam. An anisotropic scattering pattern is observed in this particular sample, as-
quenched Fe0.6C, with a dominant scattering contribution perpendicular to the applied 
magnetic field. The instrument data was reduced using a data reduction Mantid 
software suite [232], which is explained in Chapter 3. Figure 4-26 displays the 
transmission data from an as-quenched Fe-0.6C binary alloy sample during SANS 
experiment. The transmission data is analysed for each sample to determine the 
wavelength for SANS data reduction. The figure shows Bragg’s edge below 4.2 Å and 
large scattering with increasing wavelength. Figure 4-27 displays q vs intensity from 
the same sample binned for the different wavelength at a frequency of 2 Å in log scale. 
The plot illustrates the effect of multiple scattering at a different wavelength. A good 
concurrent fit is obtained between smaller wavelengths but with larger wavelengths, 
there are high scatters. Consequently, only data between wavelength 4.2 Å and 10 Å 
were chosen for a reduction in this study because below 4.2 Å Bragg’s edge was 
observed (see Figure 4-26) and above 10 Å multiple scattering was observed. Multiple 
scattering in reduced data can generate incorrect analysis values and/or generate ghost 
scattering peaks at twice the value of the scattering vector of the main peak [249]. 
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Figure 4-25: A two-dimensional small angle scattering pattern from an as-quenched 
Fe-0.6C binary alloy. A magnetic field of 1.0 T was applied horizontally 
 
 
Figure 4-26: Transmission data from an as-quenched Fe-0.6C binary alloy. A 
magnetic field of 1.0 T was applied horizontally. The data shows Bragg’s edge at 3.5 
Armstrong and multiple scattering above 10 Armstrong 
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Figure 4-27: SANS full spectrum of the as-quenched Fe0.6C binary alloy from 2 to 
18 Å sliced as 2 Å wavelength to show the effect of multiple scattering. Usable range 
is found to be between 2 to 10 Å 
 
To understand the effect of cryogenic treatment on the distribution of solutes (carbon), 
the binary Fe0.6C alloy was subjected to SANS in the as-quenched and 24 h DCT 
conditions. Due to the beam time limitation, the remainder of the model alloys and 
AISI D2 tool steel were analysed by SANS only in the tempered condition (i.e. not as-
quenched) to observe the precipitation of carbides (see Chapter 5). The results from 
SANS are usually presented as I(q) vs q plots), where q is the scattering vector in 
reciprocal space and I(q) its intensity. Figure 4-28 displays the plot I(q) vs q, for binary 
Fe0.6C alloy before (as-quenched) and after DCT (24 h DCT) in a log scale for both 
the magnetic and nuclear spectrums.  This plot is referred as a Porod plot. The magnetic 
and nuclear spectrum was separated from the full spectrum by employing a mask in 
the reduction software (details are contained in Section 3.3.5). The missing data in the 
magnetic spectrum was due to the gap between the detector panels. It can be seen that 
the magnetic scattering signal is larger than the nuclear scattering signal, indicating 
that there is a strong scattering signal originating from features which are non-
magnetic in nature [248]. The APT results from the previous section indicate that these 
features are likely to be Fe-C in nature, such as carbon clusters.  
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Figure 4-28: Log-log plot showing the scattering data of Fe0.6C alloy subjected to 
SANS before (quenched) and after DCT (24 h DCT). Both nuclear and magnetic 
signal is plotted  
 
The raw data (intensity vs q) was corrected for background scattering from the 
instrument and dislocations using the method detailed in Section 3.3.5. Figure 4-29 
displays the background corrected data of Fe0.6C alloy for both as-quenched and 24 h 
DCT condition. This scattering data is graphically expressed in a Kratky plot [250], 
q2.I(q) vs q. Figure 4-29 shows that the scattering signals in both conditions are 
identical and there is no difference in the scattering signal between samples before and 
after DCT. It can, therefore, be concluded that there are no new scattering species, 
such as clusters of carbon and/or precipitates that are generated during DCT. This is 
comparable to the result obtained from the APT analysis where no change in carbon 
distribution was observed visually nor quantified analytically. 
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Figure 4-29: Kratky plot of SANS data of Fe0.6C model alloy before (quenched) and 
after DCT (24 h DCT) after background correction showing nuclear and magnetic 
spectrum separately 
 
4.3.7 Effect of DCT on residual stress 
Residual stress can be generated during martensitic transformation as a result of 
thermal stresses due to the temperature gradient and/or structural stresses due to the 
volume expansion from the transformation from the close-packed atomic structure 
(FCC) of austenite to the more open crystal structure of martensite (BCC/BCT). 
Residual stress measurement using XRD is complicated as new stresses can be induced 
during sample preparation, for example during polishing or grinding. A special sample 
preparation techniques were employed in the present work to minimise extraneous 
stresses and to measure only stresses generated from the process (details are contained 
in Chapter 3). To understand the effect of DCT with experimental rigour, the residual 
stress was measured using XRD on as-quenched model alloy and AISI D2 samples 
before and after DCT. Fe0.6C binary alloy, 4Ni and 12Ni alloy were chosen for this 
study to understand the effect of retained austenite transformation on the stress 
generation during DCT, whereas AISI D2 tool steel austenitised at 1020°C was chosen 
to correlate the understanding. Residual stress is determined by measuring the 
interplanar spacing of the diffraction planes at different psi angles (details are 
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contained in Chapter 3).  Figure 4-30 shows the XRD spectra of as-quenched Fe-0.6C 
alloy measured at different psi angles (0, 20.03, 28.98, 36.4, 43.25 and 50°). The XRD 
patterns were individually fitted and the peak position was determined for each pattern. 
The peak position determined after fitting was used to calculate the d-spacing using 
Bragg’s law. When the calculated d-spacing was plotted against the sin2(psi) a linear 
relationship existed, Figure 4-31. The slope (m), determined from this linear fit was 
used to calculate the residual stress applying Equation 3-12. Similar plots (d-spacing 
vs sin2(psi)) for the Fe0.6C, 4Ni and 12Ni model alloy and AISI D2 tool steel 
(austenitised at 1020°C) before and after DCT are shown in Figure 4-31. The results 
of this analysis are summarised in Figure 4-32, and it can be seen that all samples after 
quenching show a tensile residual stress. This is consistent with the literature on 
quenched martensite where tensile residual micro stresses are usually observed [251]. 
The fully martensitic Fe0.6C binary alloy had more tensile residual stress than other 
model alloys. In other words, the amount of tensile residual stress in the as-quenched 
model alloy decreased with increasing amount of retained austenite in the 
microstructure. This could be due to the lower structural stresses in the material as a 
result of the reduced transformation of austenite to martensite during hardening.  
 
 
Figure 4-30: XRD patterns of the as-quenched Fe-0.6C alloy at 82.25° 2theta angle 
for 5 psi angles (0, 20.03, 28.98, 36.4, 43.25 and 50°). Black dotted lines represent 
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fitting in all spectra. Peak position determined from the fitted profile at different psi 
angles are mentioned as data label in the figure 
 
 
Figure 4-31: d-spacing vs sin2(psi) plot to measure residual stress before (quenched) 
and after DCT (24 h-DCT) for [a] Fe0.6C binary model alloy [b] Fe0.6C-4Ni model 
alloy [c] Fe0.6C-12Ni model alloy and (d) AISI D2 tool steel austenitised at 1020°C.  
2θ angle of 82.250 of martensite was used for XRD measurement at different psi 
angles (0, 20.03, 28.98, 36.4, 43.25 and 50°) 
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The residual stress was also measured on all samples after 24 h DCT and the effect of 
DCT was found to be negligible (and inconsistent) and the changes in residual stress 
were only within the experimental error, Figure 4-32. AISI D2 tool steel quenched 
from 1020°C also showed a similar behaviour with a small decrease in residual stress 
after DCT. There are only a few papers [134, 135] which report the effect of cryogenic 
treatment on the residual stress in martensitic steels.  Bensely et al [134] studied the 
distribution of residual stress in case carburized En 353 steel before and after DCT and 
observed that DCT induces compressive residual stress into the case carburised 
material by the transformation of retained austenite to martensite. It is difficult to 
compare the results from Bensely to the present study as the carburised case displays 
a surface-to-core carbon gradient and a complex residual stress gradient (compressive 
to neutral to tensile). However, the small decrease in residual stress from DCT is 
comparable to this study. Senthilkumar et al [135] measured the residual stress of 
quenched AISI 4140 steel before and after DCT and observed that DCT induces 
compressive residual stress. However, the reported amount of induced stress was 
relatively small or within experimental error.  
 
 
Figure 4-32: Changes in residual stress measured in model alloys (Fe0.6C, 4Ni and 
12Ni) and AISI D2 tool steel austenitised at 1020°C before (quenched) and after 
DCT (24 h DCT) 
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4.4 Discussion 
4.4.1 Retained austenite transformation during DCT 
During DCT in quenched martensitic steels, retained austenite transforms to martensite 
as the material is supercooled below Mf temperature. There are a number of articles 
which have reported complete transformation of retained austenite to martensite. For 
example, Akhbarizadeh et al [2] have reported complete transformation of retained 
austenite to martensite after DCT in AISI D6 tool steel austenitised at 975°C. In this 
work, a complete transformation of retained austenite to martensite was not observed 
in model alloys (12Ni, 20Ni, 4Cr, 7Cr and 11Cr) and AISI D2 tool steel (austenitised 
at 980, 1020, 1040, 1060 and 1080°C). Similar incomplete transformation is reported, 
for example, Das et al [103] and Wierszyllowski [252] has reported 5% retained 
austenite after DCT in the AISI D2 tool steel austenitised at 1050°C. 
 
To analysis the increased stabilisation of austenite during DCT, a summary of 
predicted Ms, Mf, and volume fraction of martensite for model alloy at room 
temperature and −196°C is presented in Table 4-3. Ms and Mf temperatures were 
predicted based on the empirical equation by Andrew [186], whereas the volume 
fraction of martensite was predicted based on a Koistinen and Marburger (KM) 
equation [17]. KM equation is an empirical equation to describe volume fraction of 
martensite (fm) as a function of temperature (T) using the equation below: 
𝑓𝑓𝑒𝑒 = 1 − 𝑒𝑒𝑒𝑒𝑒𝑒[−0.011 × (𝑇𝑇𝐾𝐾𝐾𝐾 − 𝑇𝑇)]   Equation 4-1 
Where, 𝑇𝑇𝐾𝐾𝐾𝐾 is the approximate Ms temperature. The table also shows the measured 
volume fraction of martensite for the model alloys at room temperature and −196°C 
using XRD for comparison. The measured values are similar to the calculated values 
for samples quenched at ambient temperature. However, at −196°C, the KM model 
predicted complete transformation of retained austenite to martensite in all model 
alloys except 20Ni. However, some alloys (12Ni, 4Cr, 7Cr and 11Cr) had retained 
austenite even after DCT. This could be because KM model only takes thermal 
stability of austenite into account and there could be other factors which may have 
increased the stability of the untransformed retained austenite making the 
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transformation to martensite harder. Some of the other factors which effect 
transformation stability of austenite are local carbon content in the austenite [253], 
grain size [254], morphology [255], hydrostatic pressure[256] and constraining effect 
of the surrounding phases [257, 258].   
 
Table 4-3: Estimated volume fraction of martensite in model alloy using modified 
KM equation and measured volume fraction of martensite in model alloy using XRD 
Alloy 
Predicted 
Ms [186] 
(°C) 
Predicted 
Mf 
(°C) 
Volume fraction of martensite (%) 
Estimated using  [17] Measured 
 25°C  ─196°C 25°C  ─196°C 
Fe0.6C 281 66 100 100 100 100 
Fe0.6C-2Ni 247 32 99 100 100 100 
Fe0.6C-4Ni 212 -3 98 100 96 100 
Fe0.6C-12Ni 75 -140 67 100 72 94 
Fe0.6C-20Ni -63 -278 0 95 0 82 
Fe0.6C-4Cr 223 8 99 100 97 97 
Fe0.6C-7Cr 180 -35 97 100 95 97 
Fe0.6C-11Cr 123 -92 89 100 92 97 
 
 
Based on the martensitic transformation model by Morsdorf et al [30], the 
untransformed austenite is continually strained with each surrounding austenite to 
martensite transformation. Further, the thermal contraction experienced by austenite 
during cooling to −196°C is constrained by the relatively smaller thermal contraction 
of the surrounding martensite leading to an additional compressive strain [259]. 
Therefore, the untransformed austenite during cryogenic cooling will be highly 
strained and consequently, the martensite formed from this austenite will also be 
strained as it inherits most of the dislocation density during transformation. At −196°C 
most of the remaining retained austenite will be encapsulated by heavily strained 
martensite formed during cooling to −196°C. This high strength martensite may 
suppress the martensitic transformation of the retained austenite as the surrounding 
matrix would need to deform in order to accommodate the volume expansion caused 
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by the transformation. Similar behaviour is shown in multiphase steel [257, 258] where 
surrounding high strength martensite increased the stability of retained austenite. The 
generation of compressive stress in retained austenite during sub-zero treatment 
reported through in situ investigation in AISI 52100 alloy [260] and 12Ni model alloy 
[261], can also increase the stability of austenite and therefore suppress the martensitic 
transformation. He and Huang [262] have shown using TEM and nanoindentation that 
defects, such as stacking faults, dislocations and slip bands, generated on 
untransformed retained austenite during martensitic transformation by the prior 
transformed martensite could inhibit glissle interface thereby increasing the stability 
of the austenite. 
 
4.4.2 Effect of cryogenic treatment on solute distribution 
Martensitic transformation in steel is a solid-state phase transformation and has some 
unique features. It is athermal in nature and proceeds via a diffusionless mechanism. 
Kinetically, the transformation is spontaneous and commences with one single lath 
that promotes further transformation by an autocatalytic process [263]. The model for 
martensite transformation in one prior austenite grain by Morsdorf et al [30] clearly 
illustrates the sequential transformation of martensite will lead to the formation of laths 
with different strain value (dislocation density/defects) within the same austenite grain, 
Figure 2.5. This change in strain is caused by a volume change from the previous 
martensitic transformation and autotempering of already formed laths. Therefore, there 
will be a difference in properties between martensite laths formed at different times 
during quenching. Therefore, we can consider martensite to be a mixture of laths with 
different yield strengths and different residual stresses. Figure 4-33 schematically 
illustrates this inhomogeneous behaviour of martensite where the difference in yield 
strength due to lath size and dislocation density is observed between different laths 
within a single austenite grain. Furthermore, variation in dislocation density by 
electron channelling contrast imaging (ECCI) and variation in carbon by APT is also 
presented in the inset of Figure 4-33 for different laths within a single austenite grain. 
[38]. These indicate a complex and a heterogeneous behaviour in martensite within a 
single austenite grain. 
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Figure 4-33: Schematic picture of as-quenched Lath martensite illustrating prior 
austenite grains, packets, blocks, sub-blocks and laths. The variation in colour 
represents how individual lath can be different in terms of strength and thermal 
properties due to lath size, dislocation density and carbon content (see inset, APT 
showing carbon distribution and ECCI showing dislocation distribution) [38] 
 
Martensite in steels with carbon contents in the range 0.1–0.5 wt.% were reported to 
have heterogeneous carbon distribution with regions of low and high concentration 
even as the original austenite had a uniform distribution [35], which indicates carbon 
segregation in martensite. Several other studies have reported carbon segregation in 
martensite using APT [34, 264, 265] and electrical resistivity measurements [54]. 
Similar heterogeneous carbon segregation was observed in all quenched martensitic 
samples after APT reconstruction in this study, Section 4.3.5. The small size of the 
APT sample makes a generalisation of findings less accurate in martensite as features 
in it are statistically more significant than the sample size. Though the results showed 
a variation in local carbon distribution in as-quenched martensite, this distribution did 
not change after DCT. The results from the small angle neutron scattering also showed 
that there was no change in the solute distribution of martensite after deep cryogenic 
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treatment in the binary Fe0.6C alloy. Consequently, from these two techniques, we can 
conclude that consistent with literature reports [30, 33, 35, 38], the solute carbon 
distribution in as-quenched martensite is inhomogeneous and remains similar after 
deep cryogenic treatment. Distribution of substitutional elements, such as chromium 
and nickel were also found to be unaffected by DCT, Figure 4-22 and Figure 4-23. 
 
Collins [5, 111, 112] proposed that improvement in wear resistance during DCT was 
due to the “Low-temperature conditioning” of martensite during DCT. As per this 
proposed phenomenon, holding martensitic steels at cryogenic temperature for 
sufficient time promotes precipitation of fine carbides during subsequent tempering by 
the formation of carbon clusters at cryogenic temperature by segregation. Many other 
articles [8, 159, 163, 166] proposed clustering of carbon at a cryogenic temperature in 
martensitic steels. Clusters of carbon formed at cryogenic temperature were proposed 
to be the nuclei for the formation of fine carbides during tempering in deep 
cryogenically treated martensitic steels. Tyshchenko et al [113] have suggested that 
carbon atoms were captured by the gliding dislocations, formed due to the plastic 
deformation of newly formed martensite, during DCT. However, no article showed 
quantitative analysis to support the proposed carbon clustering during DCT except for 
an article published in 2017 by Xie et al [266]. Xie et al [266] looked on the effect of 
DCT on carbon segregation in Cr8Mo2SiV tool steel and found segregation of carbon 
after DCT and proposed that the newly formed dislocations and twins during DCT 
provided the location for segregation. The quenched APT image show homogenous 
carbon distribution and with only one reconstruction, it is possible that Xie et al [266] 
has not considered the heterogeneous nature of martensite, where carbon segregation 
is observed in quenched martensite, which is well established in the literature [34, 35, 
264, 265]. 
 
The results from APT and SANS in this thesis have shown that carbon distribution 
remains unchanged after DCT in martensitic steels. To provide a further quantitative 
assessment of carbon segregation during DCT, a simple diffusion calculation was 
performed to predict the distance ‘r’ that carbon migrates after time ‘t’ [267],: 
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𝑟𝑟 = 2.4�(𝐷𝐷𝜀𝜀)       Equation 4-2 
Where D is the diffusion coefficient which can be calculated using an Arrhenius-type 
equation [267]: 
𝑙𝑙𝑙𝑙𝑙𝑙𝐷𝐷 =  𝑙𝑙𝑙𝑙𝑙𝑙𝐷𝐷0 −  𝑄𝑄2.3𝑅𝑅 �1𝑇𝑇�     Equation 4-3 
Where Q is the activation energy, R is the gas constant and T is the temperature in 
Kelvin. For interstitial carbon in the Fe-C system using experimental diffusion data 
from [268] (D0  = 2 mm2s-1 and Q = 84.1 kJ mole-1) , the carbon diffusion coefficient 
was found to be 3.55x10-15 mm2s-1 at 25°C and 1.97x10-57 mm2s-1 at −196°C. These 
values were substituted in Equation 4.2 to determine r and plotted in Figure 4-34 as a 
function of time. As shown in the figure, carbon will diffuse 0.04 μm after 24 hours in 
a Fe-C system at 25°C, whereas in a same time frame carbon can only diffuse a 
distance of 3x10-23μm at −196°C. This lack of diffusion of carbon at low temperatures 
makes carbon redistribution unlikely during DCT at −196°C. Furthermore, an article 
[269] has shown using TEM imaging that the short-range diffusion of carbon atoms 
(which causes carbon clustering) to nearby dislocations and grain boundaries occur 
only in a martensitic steel when it is heated above 20°C. 
 
Figure 4-34: Effect of temperature on the diffusion of carbon as a function of time in 
steel. Predicted diffusion distance at 25° and −196°C based on data from [267] 
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4.4.3 Hardness and dislocation density changes after DCT 
Hardness increased in both model alloys and AISI D2 tool steel after DCT (Section 
4.3.3). This increase in hardness was proportional to the amount of transformed 
retained austenite during DCT. Figure 4-35 displays the change in hardness as a 
function of transformed retained austenite during DCT. To guide the eye a line is 
included on the plot, illustrating the possible hardness value increase due to the 
transformation of austenite to martensite based on the rule of mixtures. The line 
assumes hardness value of 100% martensite as the hardness of as-quenched Fe0.6C 
alloy (fully martensitic) and 0% martensite as the hardness of as-quenched 20Ni alloy 
(fully austenitic). The increase in martensite volume fraction after DCT correlates 
reasonably with an increase in hardness in 4Ni, 12Ni, 20Ni, 7Cr, 11Cr model alloys 
and all heat-treated variants of AISI D2 tool steels, as martensite (typical hardness ~ 
700 HV) is a harder phase than retained austenite (typical hardness ~ 200 HV).  
 
However, the departure from linearity in Figure 4-35 suggests that there are other 
factors which affect the increase in hardness of model alloys and AISI D2 tool steel 
after DCT. Particularly illustrative is the increase in hardness of fully martensitic (or 
close to) Fe0.6C binary alloy, 2Ni, 4Ni and 4Cr alloys.  It is possible that dislocation 
density also plays a role increasing the hardness of martensitic steels after DCT. 
Strength can be estimated by Taylor’s equation, which proposes flow stress being 
proportional to the square root of dislocation density [270]. Therefore, if the increase 
in hardness during DCT is due to the increase in dislocation density then there should 
be a linear relationship between the square root of dislocation density and hardness as 
per Taylor’s equation. To examine this, the hardness was plotted against the square 
root of dislocation density for the model alloys (Fe0.6C, 2Ni, 4Ni, 4Cr, 7Cr and 11Cr) 
before and after 24 h DCT, Figure 4-36. The figure illustrates that there is a linear 
relationship between hardness and the square root of dislocation density in the model 
alloys.  
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Figure 4-35: Effect of the transformation of retained austenite to martensite on the 
hardness of the model alloys and AISI D2 tool steel during DCT. Hardness and 
amount of retained austenite was measured before and after 24 h DCT and the 
change is plotted in the figure 
 
 
Figure 4-36: Correlation of hardness and square root of dislocation density in model 
alloys (Fe0.6C, 2Ni, 4Ni, 4Cr, 7Cr and 11Cr) for samples in quenched and 24 h DCT 
condition 
 
   
120 
 
Deep cryogenic treatment of these quenched martensitic steels with high dislocation 
density induced a consistent increase in average dislocation density in the martensitic 
substructure. This increase in dislocation density in the martensitic substructure was 
found to be proportional to the increased hardness after DCT. Preciado and Pellizzari 
[271] studied the effect of DCT on thermal decomposition in 100Cr6 martensitic steel 
and attributed the lower activation energy (54.8 KJ mol−1 in DCT sample compared to 
77.8 KJ mol−1 in quenched sample) reported in dilatometry for pre-precipitation 
processes (carbon segregation) on an increase in dislocation density during DCT. 
According to Preciado and Pellizzari [271], the increased dislocation could provide 
preferential sites for the segregated carbon for a faster redistribution. However, no 
evidence was provided. But the increase in dislocation density observed in this work 
could validate that finding. 
 
This increase in dislocation density could perhaps be due to the generation of localised 
plastic strain due to the volumetric change that accompanies transformation of retained 
austenite to martensite during DCT. Figure 4-37 plots change in dislocation density 
during DCT to the amount of retained austenite transformed for all model alloys except 
20Ni and AISI D2 tool steel austenitised at 980, 1020, 1040, 1060 and 1080°C. The 
plot shows that dislocation density increase is proportional to the amount of retained 
austenite transformed to martensite in both model alloys and AISI D2 tool steel. This 
increase in dislocation density in the martensitic substructure with the amount volume 
change is well documented [49] in Fe-C (0 to 0.8 wt.% C) and Fe-Ni (0 to 23 wt.% 
Ni) binary alloys by TEM using convergent-beam electron diffraction method. Figure 
4-38 plots dislocation density to the volume change caused due to the transformation 
of austenite to martensite during quenching of Fe-0.0026C, Fe-0.18C, Fe-0.38C, Fe-
0.61C, Fe-0.78C, Fe-11Ni, Fe-15Ni and Fe-23Ni from 1100°C into iced-brine. The 
volume change or relative difference in the specific volumes of austenite and 
martensite (∆𝑉𝑉𝛾𝛾→𝛼𝛼) for Fe-xC was calculated using the below equation [272]: 
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𝑒𝑒𝑝𝑝𝜀𝜀 �∆𝑉𝑉𝛾𝛾→𝛼𝛼
𝑉𝑉𝛾𝛾
�
𝑅𝑅𝑇𝑇
=  3.216 + 0.859(𝑋𝑋) − 0.343(𝑋𝑋)2    Equation 4-4 
Where X is the weight percent of carbon. The volume change values were taken from 
this article [273]. The plot systematically demonstrated that change in volume caused 
due to the transformation of austenite to martensite during quenching was proportional 
to the increase in dislocation density. 
 
 
Figure 4-37: Effect of the transformation of austenite to martensite on dislocation 
density of the model alloy and AISI D2 tool steel. Dislocation density and amount of 
retained austenite was measured before and after 24 h DCT and the change is plotted 
in the figure. 
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Figure 4-38: Effect of transformation of austenite to martensite on dislocation density 
of Fe-C and Fe-Ni binary alloys illustrating the transformation of retained austenite 
to martensite is proportional to the increase in dislocation density observed [49] 
 
It is noteworthy that samples that showed no or limited increase in martensite fraction 
after DCT (Fe0.6C, 2Ni and 4Cr) also exhibited an increase in dislocation density after 
DCT. This observation is also correlated with an increase in the hardness after DCT in 
these alloys. It is possible that during sub-zero treatment, material contraction (local 
straining) results in new dislocations being generated. These dislocations may not 
annihilate during heating to room temperature because short-range diffusion of carbon 
atoms occurs only above 20°C [269]. A dilatometry experiment was conducted on a 
quenched binary Fe0.6C alloy having a fully martensitic microstructure to observe if 
martensite contracts during DCT. Figure 4-39 shows the change in length and 
temperature as a function of time for two samples treated to −160°C. The figure 
indicates that binary Fe0.6C alloy experiences physical contraction during DCT 
producing a strain of 0.002. The contraction in Fe0.6C samples subjected to 
dilatometry experiment did not fully recover (2.5 µm contraction observed in a 6 mm 
sample). This result was repeated numerous times and found to be reproducible. 
However, the amount of strain generated during contraction is not sufficient to increase 
the dislocation density reported by XRD for Fe0.6C alloy subjected to DCT. But, as 
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the martensite microstructure is not homogenous and has regions with different yield 
strength, hardness and carbon concentration [30, 33, 35, 38], perhaps the strain 
generated during contraction can cause deformation in these local soft regions and 
generate more dislocations in localised regions.  
 
 
Figure 4-39: Dilatometry test on two as-quenched Fe0.6C alloy samples to observe 
volumetric change during deep cryogenic treatment. Samples were cooled from room 
temperature to −160°C using helium gas cooled in liquid nitrogen and warmed back 
naturally.  The temperature profile is shown in the left axis and change in length is 
shown in right axis 
 
Let us look at this concept visually. Figure 4-40 shows the variation in carbon 
concentration along the martensite in an as-quenched Fe0.6C sample using a 
cylindrical region of interest (ROI) in an APT reconstructed data. 1D concentration 
profile was generated along the z-axis (vertical) to determine the carbon concentration. 
This variation in carbon concentration within the martensite can also cause variation 
in properties locally. Carbon, as discussed in Chapter 2, is the most significant 
contributor towards the strength of the martensite. Therefore, it is possible to predict 
the hardness locally by using the classic map which shows the hardness of Fe-C alloy 
as a function of carbon content [32]. The figure clearly shows that there is a significant 
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difference in strength within martensite locally and there is the possibility of a local 
deformation during a DCT due to thermal contraction. This deformation could 
generate dislocations during DCT even in fully martensitic materials. It is an 
interesting intersection of modern understanding of the local chemical and strength 
heterogeneities of martensite and the possibility of local deformation (and related 
dislocation density increase) induced by material contraction at DCT temperatures.  
More work is needed to confirm this mechanism, which is beyond the scope of the 
present study.   
 
 
Figure 4-40: Variation in carbon concentration along the martensite. [a] 1D plot 
showing the carbon concentration along the z-axis of the region of interest (ROI). 
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Inset figure shows the reconstructed APT map of Fe0.6C as-quenched sample with a 
cylindrical ROI to measure variation in carbon concentration. A trace line is plotted 
for visual guidance. [b] Predicted hardness along the z-axis of the ROI using carbon 
concentration value and the classic map which shows the hardness of Fe-C alloy as a 
function of carbon content [32]. 
 
The techniques that examine solute (carbon) behaviour, APT and SANS, showed 
consistently that there is no change in solute distribution as a result of DCT. This is 
consistent with the diffusion calculations which show that there is insufficient 
diffusivity at cryogenic temperatures to allow carbon redistribution. However, the 
XRD and hardness tests both show changes to result from DCT. Since the increase in 
dislocation density can explain the increase in hardness, these two results seem to be 
consistent. These observations suggest that the changes taking place as a result of DCT 
are not due to changes in solute distribution, but are linked to changes in the dislocation 
density. 
 
4.5 Conclusions 
In the literature, the transformation of retained austenite to martensite [153] and 
precipitation of fine carbides during subsequent tempering due to the carbon clustering 
which occurs during DCT are considered to be the main reasons for improved wear 
resistance after DCT [5, 107, 274, 275]. However, there is no systematic study on the 
effect of volume fraction of retained austenite transformation during sub-zero 
treatment on the wear behaviour of martensitic steels. Systematic quantification of 
clustering of carbon during DCT is also missing in the literature. Therefore, the main 
objective of this chapter was to explore and systematically quantify the changes in 
quenched-state microstructure resulting from DCT, such as retained austenite 
transformation, hardness, martensite substructure, solute distribution and residual 
stresses, to understand the microstructural evolution of martensitic steels during DCT. 
Further, the effect of soaking time at a cryogenic temperature on properties of 
martensitic steels was also studied as some studies have suggested an improvement in 
wear properties with soaking time. The changes during DCT at −196°C were 
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quantified using material testing and advanced characterisation techniques, such as 
XRD for measurement of dislocation density, the volume fraction of phases and 
residual stress and SANS and APT to determine solute distribution. The effect of 
soaking time was studied by quantifying the changes in samples deep cryogenically 
treated for 4 h, 24 h and 36 h at −196°C. The following conclusions were made: 
 
• Deep cryogenic treatment transforms retained austenite to martensite in 
martensitic steels due to the undercooling below Ms temperature. However 
complete transformation of retained austenite to martensite was not achieved 
in some alloys (12Ni, 20Ni, 4Cr, 7Cr, 11Cr and AISI D2 tool steels) due to the 
carbon enrichment in untransformed austenite, induced compressive stress in 
untransformed austenite, increased strength of surrounding martensite may 
suppress the martensitic transformation of the retained austenite as it would 
need to be deformed in order to accommodate the volume expansion caused by 
the transformation and also due to increased defects in untransformed austenite 
inhibiting glissle interface thereby increasing the stability of the austenite. 
 
• Increase in dislocation density and hardness was observed in all model alloys 
and AISI D2 tool steels subjected to DCT. Increase in dislocation density was 
established to be the reason for the increase in hardness by the use of Taylor’s 
equation. 
 
• One of the reasons for the increase in dislocation density in alloys with 
significant retained austenite before DCT may be the volumetric change that 
accompanies the transformation.  
 
• Increase in dislocation density in fully martensitic samples was proposed to be 
due to the contraction of material while cooling to −196°C during DCT. As the 
martensite microstructure is inhomogeneous with regions of different 
properties, such as yield strength, hardness and thermal properties perhaps the 
soft regions can be deformed more during contraction, hence evolving more 
dislocations in localised regions. 
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• APT analysis showed variability in solute distribution in all quenched samples 
which are in line with the current understanding of heterogeneous martensite. 
However, there was no change in the solute (carbon) distribution in martensite 
after deep cryogenic treatment. This is suggested to be due to the low 
diffusivity of carbon at −196°C preventing significant solute redistribution. 
Nickel and chromium distribution were found to be unaffected by DCT. 
 
• SANS analysis showed no change in particle distribution in Fe0.6C alloy after 
DCT. This was validating the result observed from APT in a much larger 
volume (20 mm square sample compared to a 0.0002 mm APT sample) 
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CHAPTER – 5 
STUDY ON MICROSTRUCTURAL 
CHANGES DURING TEMPERING OF 
DEEP CRYOGENICALLY TREATED 
MARTENSITIC STEELS 
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5 Study on microstructural changes during tempering of 
deep cryogenically treated martensitic steels 
5.1 Introduction 
In this chapter, the hardening behaviour and precipitation of carbides during tempering 
were studied for the model alloys and the AISI D2 tool steels. The effect of cryogenic 
treatment prior to the tempering process was also investigated. Tempering was carried 
out at 200°C for 2 hours because it was the most commonly used temperature in the 
literature. It was proposed by a group of researchers that precipitation of a homogenous 
distribution of ultrafine carbides during tempering is the main reason for improvement 
in wear resistance observed in deep cryogenically treated martensitic steels [8, 22, 90, 
99, 102-109, 123, 124, 127, 132, 145-147, 159-162, 166-169, 172, 174]. However, as 
discussed in the literature review in Chapter 2, conflict of opinion lies on the nature, 
characteristics and the mechanism for precipitation of these ultra-fine carbides. 
Therefore, the aim of this chapter is to utilise advanced characterisation techniques 
such as X-ray diffraction (XRD), Scanning Electron Microscopy (SEM), Atom Probe 
Tomography (APT) and Small Angle Neutron Scattering (SANS) to quantify the 
microstructural changes during tempering in a deep cryogenically treated martensitic 
steel. 
 
5.2 Experimental methods 
The quenched and deep cryogenically treated model alloys and AISI tool steels were 
tempered in a fluidised furnace at 200°C for 2 hours. The tempered samples were 
studied to understand the effect of cryogenic treatment on microstructural evolution of 
martensitic steels during tempering using advance material characterisation 
techniques. SEM was chosen to characterise the microstructure on a micron length 
scale. Atom probe tomography was chosen to provide local scale measurement of 
solute behaviour, particularly carbon (3D imaging and chemical composition 
measurements at the atomic scale) and to examine changes occurring during DCT and 
after subsequent tempering. Small angle neutron scattering was chosen to provide a 
statistically robust analysis of any changes in solute behaviour (the size and volume 
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fraction of precipitates) occurring during DCT and after subsequent tempering. These 
material characterisation techniques and other experimental methods used in this 
Chapter are further detailed in Chapter 3. The following nomenclature will be used to 
identify the different treatment in this Chapter;  
Quenched – as-quenched samples after austenitising 
24h DCT – samples deep cryogenically treated for 24 h 
QT – as-quenched samples tempered for 2 h at 200°C 
24T – samples deep cryogenically treated for 24 h tempered for 2 h at 200°C 
 
5.3 Results 
5.3.1 Effect of tempering on the hardness of cryogenically treated steels 
Figure 5-1 illustrates the change in hardness after tempering of model alloys at 200°C 
for 2 hours that were as-quenched and cryogenically (quenched and 24 h DCT at 
−196°C) treated. The deep cryogenically treated model alloys have a higher hardness 
than conventionally treated ones due to the transformation of softer retained austenite 
to harder martensite and due to the increase in dislocation density. Figure 5-1 shows 
tempering both quenched and cryogenically treated model alloys decrease its hardness. 
The tempered hardness range (excluding the fully austenitic 20Ni alloy) was quite 
narrow (~90 Hv) for all model alloys, with the discrete differences mirroring the 
respective as-quenched hardness. There is an extensive body of literature on the 
change in hardness of martensite during tempering of conventionally treated Fe-C 
alloys [36, 54, 73].  The decrease in hardness after tempering observed in the Fe0.6C 
alloy is ~ 120 HV similar to the difference in the plot of tempered martensite hardness 
in iron-carbon alloy by Grange et al [276].  
The literature on tempered martensite reports progressive softening of quenched Fe-C 
alloys when tempered above 100°C due to various mechanisms; transient carbide 
formation at 150-250°C, the formation of a Widmanstatten array of cementite at 300-
400°C, spheroidisation of cementite, dislocation annihilation, recovery and 
recrystallisation [36, 54, 73]. The hardness change in quenched model alloys tempered 
at 200°C is likely to be due to the formation of transient carbides (η-carbide) and due 
to dislocation annihilation as per the above literature [36, 54, 73]. The reasons for a 
decrease in hardness of the cryogenically treated samples after tempering at 200°C are 
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the same as conventionally treated alloys, they form carbides and dislocations are 
annihilated during the tempering treatment. Since the alloys are mainly martensitic, 
the change in hardness during tempering will be dominated by the martensite response 
to the tempering process. Since DCT increases the amount of martensite in model 
alloys, tempering of cryogenically treated samples should result in a larger decrease in 
hardness than the conventionally treated samples. This is clearly depicted in Figure 
5-2, where a decrease in hardness after tempering is more evident in alloys with a 
higher amount of martensite prior to tempering. Since the decrease in hardness after 
tempering is dependent on the amount of martensite in the sample prior to tempering, 
the Fe0.6C alloy which is fully martensitic in the as-quenched condition shows a larger 
decrease in hardness after tempering than 12Ni alloy which has only 72% martensite 
in the as-quenched condition. 
 
 
Figure 5-1: Effect of tempering (2h at 200°C) on hardness of model alloys both as-
quenched and cryogenically (quenched and 24 h DCT at −196°C) treated 
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Figure 5-2: Change in hardness during tempering at 200°C for 2 hours for both the 
as-quenched and cryogenically (quenched and 24 h DCT at −196°C) treated model 
alloys as a function of volume percent of martensite present before tempering  
 
Figure 5-3, plots the change in hardness after tempering of AISI D2 tool steel samples 
that were as-quenched and cryogenically (quenched and 24 h DCT at −196°C) treated. 
The AISI D2 tool steels were austenitised at different temperatures (980, 1020, 1040, 
1060 and 1080°C) to develop different retained austenite contents in the as-quenched 
condition, Section 4.3.1. Similar to the model alloys, tempering resulted in a decrease 
in hardness of both the as-quenched and cryogenically treated AISI D2 samples. The 
observed decrease in hardness in AISI D2 tool steels tempered at 200°C for both 
conditions is likely to be due to the formation of iron carbides and due to dislocation 
annihilation [36, 54, 73]. The hardness of both conventionally treated (quenched and 
tempered for 2h at 200°C) and cryogenically treated (quenched, 24 h DCT at −196°C 
and tempered for 2h at 200°C) were found to be within experimental error except for 
the sample austenitised at 1060°C. Das et al [107] has reported 5% increase in 
cryogenically treated AISI D2 tool steel austenitised at 1020°C and tempered at 210°C 
than conventionally treated once, which is similar to the present finding, see Table 8.1 
in Appendix A for details. 
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Figure 5-3: Effect of tempering (2h at 200°C) on hardness of AISI D2 tool steels 
austenitised at different temperature both as-quenched and cryogenically (quenched 
and 24 h DCT at −196°C) treated 
 
5.3.2 Effect of tempering on dislocation density of deep cryogenically 
treated steels  
Annihilation of dislocations in the martensite phase during tempering in both the 
model alloys and AISI D2 tool steels was suggested in the last Section as a reason for 
the decreased hardness after tempering at 200°C for 2 hours in both as-quenched and 
cryogenically treated samples. Dislocation density was measured in tempered model 
alloy samples in both conditions using XRD, with the technique explained in-depth in 
Section 3.3.2.2. Figure 5-4 shows the effect of tempering at 200°C for 2 hours on the 
dislocation density of model alloys that were as-quenched and cryogenically treated. 
As with bulk hardness, the dislocation density of martensite in model alloys reduced 
after tempering. The annihilation of dislocations in martensitic steels during tempering 
is proposed to be due to static recovery [36]. Similar annihilation of dislocations was 
also observed in cryogenically treated model alloys. The degree of dislocation 
annihilation is reasonable after tempering martensite at 200°C and is within some 
common measured values in tempered martensite 
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Figure 5-4: Effect of tempering (2h at 200°C) on dislocation density of model alloys 
of as-quenched and cryogenically (quenched and 24 h DCT at −196°C) treated model 
alloys 
 
5.3.3 Effect of tempering on microstructure of deep cryogenically treated 
steels 
Imaging through SEM was carried out on tempered Fe0.6C binary alloy, 4Ni, 12Ni, 
20Ni and 11Cr model alloys. 2Ni was not analysed as its microstructure was similar 
to the binary Fe0.6C alloy. As the effect of Cr on microstructural evolution is studied 
in 11Cr, 4Cr and 7Cr were eliminated in this analysis. Tempered AISI D2 tool steel 
samples austenitised at 1020°C were also characterised using SEM. Figure 5-5 shows 
the microstructure of the tempered binary Fe0.6C alloy after an etching treatment to 
reveal microstructural changes. The microstructure for both conventionally treated 
(quenched and tempered at 200°C for 2h) and cryogenically treated (quenched, 24 h 
DCT at −196°C and tempered at 200°C for 2h) samples showed a lath-like morphology 
indicative of a martensitic matrix. Carbides cannot be clearly seen in these 
microstructures, however, there are a prolific number of fine asperities in the 
micrographs which could be carbides, but are too small to be resolved using this 
technique. No significant differences between the conventionally and cryogenically 
treated samples were evident from this analysis. 
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Figure 5-5: Scanning electron micrographs of [a] conventionally treated (quenched 
and tempered for 2h at 200°C) and [b] cryogenically treated (quenched, 24 h DCT at 
−196°C and tempered for 2h at 200°C) Fe0.6C model alloys etched with 5% Nital 
 
Figure 5-6 shows the microstructure of 4Ni alloy for both conventionally treated 
(quenched and tempered at 200°C for 2h) and cryogenically treated (quenched, 24 h 
DCT at −196°C and tempered at 200°C for 2h) samples. The samples were etched in 
5% Nital solution before imaging. The microstructure was quite similar to the Fe-0.6C 
alloy and is indicative of a martensitic microstructure. Fine asperities in the 
micrographs, similar to the one observed in the binary alloy Fe0.6C, were also 
observed. These carbides could be the η-carbide, which are reported to precipitate in 
martensite during the first stage of tempering (between 100°C to 200°C) in 
conventionally processed (without DCT) Fe-C alloy [36, 60]. 
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Figure 5-6: Scanning electron micrographs of [a] conventionally treated (quenched 
and tempered for 2h at 200°C) and [b] cryogenically treated (quenched, 24 h DCT at 
−196°C and tempered for 2h at 200°C) Fe-0.6C-4Ni model alloys etched with 5% 
Nital 
 
Figure 5-7 shows the SEM micrographs of the tempered 12Ni model alloy after an 
etching treatment to reveal microstructure. Two different features can be seen, smooth 
areas with random shapes corresponding to austenite, and lath-shaped areas with a 
rough surface from deep etching of martensite.  The volume fraction of austenite and 
martensite in the micrographs correspond well with the volume fractions calculated 
using XRD, Figure 4-2. When this alloy is deep cryogenically treated prior to 
tempering, the volume fraction of martensite increases, Table 4-1. Carbides are not 
obvious within the martensitic regions, but asperities can be seen in the etched surface, 
which may correspond to carbide formation. The higher nickel alloy, 20Ni model 
alloy, had a fully austenitic structure in the quenched condition and is therefore not 
shown here. After DCT, martensite formed in the alloy also looked very similar to the 
intermediate Ni alloy, Figure 5-8. 
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Figure 5-7: Scanning electron micrographs of [a] conventionally treated (quenched 
and tempered for 2h at 200°C) and [b] cryogenically treated (quenched, 24 h DCT at 
−196°C and tempered for 2h at 200°C) Fe-0.6C-12Ni model alloy etched with 5% 
Nital 
 
 
Figure 5-8: Scanning electron micrographs of cryogenically treated (quenched, 24 h 
DCT at −196°C and tempered for 2h at 200°C) Fe-0.6C-20Ni model alloys etched 
with 5% Nital 
 
Figure 5-9 shows the microstructure of 11Cr alloy for both conventionally treated 
(quenched and tempered at 200°C for 2h) and cryogenically treated (quenched, 24 h 
DCT at −196°C and tempered at 200°C for 2h) samples. The samples shown in this 
figure have been etched, and this reveals a fine lath-like morphology in the 
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microstructure. Very little difference between the conventionally treated and 
cryogenically treated samples can be seen using SEM.  
 
 
Figure 5-9: Scanning electron micrographs of [a] conventionally treated (quenched 
and tempered for 2h at 200°C) and [b] cryogenically treated (quenched, 24 h DCT at 
−196°C and tempered for 2h at 200°C) Fe0.6C-11Cr model alloys etched with 
Vilella’s Reagent 
 
Figure 5-10 shows the etched microstructure of both conventionally treated (quenched 
and tempered at 200°C for 2h) and cryogenically treated (quenched, 24 h DCT at 
−196°C and tempered at 200°C for 2h) AISI D2 tool steel. Unlike the model alloys, 
coarse carbides are readily observed throughout the microstructure of the D2 tool steel. 
The carbides have a range of sizes and morphologies, the largest are primary carbides, 
and can be several microns in diameter with a range of shapes being observed. 
Between these primary carbides, smaller spherical carbides of approximately 2 
microns can be seen, and are commonly referred to as secondary carbides [107]. The 
matrix surrounding these carbides is martensitic with a finer lath size than the 
aforementioned model alloys. Within the etched martensite laths, fine asperities can 
be seen which look similar to those observed in the model alloys, and again, maybe 
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fine carbide precipitates. It has been reported [22, 99, 102-108, 123, 124, 132, 145-
147, 170] that tempering of deep cryogenically treated AISI D2 tool steel at low 
tempering temperatures results in an increase in volume fraction and homogenous 
distribution of carbides. These carbides were reported [22, 145-147, 170] as eta 
carbides by a group of researchers, whereas it was reported by Das.et.al as secondary 
alloy carbides [99, 102-108, 123, 124, 132]. An important consideration was made to 
look at the fine carbide precipitation that is discussed in the literature. Though many 
have reported an increase in carbide precipitation, only [105, 123, 162] has performed 
quantitative analysis using image analysis software to the knowledge of the author. A 
similar analysis was performed in this work on AISI D2 tool steel austenitised at 
1020°C and tempered at 200°C for 2 hours to quantify the change in volume fraction 
of carbides due to cryogenic treatment, Figure 5-11. Ten SEM images of both 
quenched-tempered and cryogenically treated samples were analysed using ImageJ to 
quantify the volume fraction of carbide present. For easier comparison to Das et al 
[105, 123], carbides were classified as primary (>= 5 µm), large secondary (1 to 5 µm) 
and small secondary carbides (0.1 to 1 µm) and the results are summarised in Figure 
5-11. It was found that the number density of carbides in both quenched-tempered and 
cryogenically-tempered samples was similar. From the figure, it can be inferred that 
no new carbides are formed and eutectic carbides remain unaffected during DCT. This 
finding is different to findings by Das et al [105, 123]  but more consistent with the 
findings by Da Silva Farina et al [162]. To augment this image analysis on carbide 
size population and to focus further on the morphology and chemistry of carbides in 
the sub-micron range resulting from DCT atom probe tomography and SANS were 
utilised in this work.  
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Figure 5-10: Scanning electron micrographs of [a] conventionally treated (quenched 
and tempered for 2h at 200°C) and [b] cryogenically treated (quenched, 24 h DCT at 
−196°C and tempered for 2h at 200°C) AISI D2 alloy  
 
Figure 5-11: Volume fraction of carbides observed in SEM micrographs of 
quenched-tempered and cryogenically treated AISI D2 tool steel austenitised at 
1020°C, air cooled and tempered at 200°C for 2h. The change in volume fraction of 
carbides with cryogenic treatment is quantified using ImageJ software. The error bar 
is the standard deviation observed between the readings. 
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5.3.4 Atom probe tomography analysis of the effect of tempering on solute 
behaviour 
Atom probe tomography (APT) enables chemical composition measurements at the 
atomic scale [226]. Hence it is well suited for the study of precipitates and to examine 
the local distribution of solutes, in this case, carbon (C), nickel (Ni) and chromium 
(Cr) distribution [277, 278]. Reconstructed atom probe volumes for the binary alloy, 
Fe0.6C, in conventionally treated (quenched and tempered for 2h at 200°C) and 
cryogenically treated (quenched, 24 h DCT at −196°C and tempered for 2h at 200°C) 
conditions are shown in Figure 5-12.  
 
Figure 5-12: APT reconstruction showing carbon distribution of tempered binary 
alloy Fe0.6C in [a] without (conventionally treated) and [b] with cryogenic treatment 
(cryogenically treated) 
 
Both the tempered samples show significantly larger and well-defined particles when 
compared to as-quenched samples, Figure 4-17 and Figure 5-12. These larger particles, 
rich in carbon, are suggestive of carbide precipitates. Further quantitative analysis of 
these particles was carried out as the literature on tempered martensitic steel (without 
cryogenic treatment) reports precipitation of eta-carbides (η- carbides) during 
tempering between 100-200°C [36, 60]. These eta-carbides were first reported by 
Hirotsu and Nagakura [63, 64] and were identified as orthorhombic iron carbides of 
the type M2C using TEM and electron diffraction. However, it has been suggested [22, 
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145-147, 170] that eta-carbides are only precipitated during tempering of 
cryogenically treated martensitic steels and not in conventionally treated martensitic 
steels. The improved wear resistance of cryogenically treated steels, in that case, was 
attributed to the proposed eta carbide precipitation. The present dataset, therefore, 
provides the opportunity to examine if DCT can modify the chemistry of the carbide 
precipitates that form during tempering.  
 
To quantify the chemical composition of the observed particles in the tempered 
martensitic microstructure in both the conventionally treated and cryogenically treated 
conditions, iso-concentration surfaces were used to segregate the particles from the 
matrix. Concentration isosurface is a method to quantify the size and morphology of 
features in a reconstructed 3D dataset depending on a chosen solute species 
concentration [223]. In this analysis, a threshold solute concentration level of the solute 
has to be selected. The threshold value was selected to be 12.5% atomic concentration 
of carbon because the carbide of interest was likely to be Fe3C, which has an atomic 
concentration of carbon at 25%. The concentration isosurface generated using the 
IVAS software at 12.5% atomic concentration of carbon for both conventionally 
treated and cryogenically treated Fe0.6C samples are shown in Figure 5-13-a and 
Figure 5-14-a, respectively. The iso-concentration surfaces were used to define the 
interface between the matrix and the particle, and this interface was used to quantify 
the composition of the matrix and particle across the interface, which is usually 
referred to as a proxigram. The proxigram can be calculated for one interface or 
multiple interfaces. Figure 5-13-b shows all interfaces in conventionally treated 
Fe0.6C alloy and the Figure 5-13-c shows the corresponding proxigram generated by 
an average of all the interfaces. The largest interface and the corresponding proxigram 
is shown in Figure 5-13-d and Figure 5-13-e, respectively. It can be seen that the 
particle formed could be Fe3C based on the compositional proxigram. The proxigram 
from the average of all interfaces and the proxigram from the largest interface looked 
similar emphasising that all particles were of similar composition. However, the 
cryogenically treated Fe0.6C sample only had one interface in the examined volume, 
Figure 5-14-b. The corresponding compositional proxigram is shown in Figure 5-14-
c. Analysis of compositional proxigram for the Fe06C alloy showed that the 
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composition of the carbon-enriched particles to be between 25 and 30 at. % carbon, 
indicating iron carbide (Fe3C) formation. 
 
 
Figure 5-13: [a] Isosurface at 12.5% carbon concentration for  conventionally treated 
(quenched and tempered for 2h at 200°C) sample [b,c] all the generated interfaces 
and corresponding cumulative proxigram showing C and Fe atomic concentration as 
a function of distance [d,e] Largest interface and it’s proxigram showing C and Fe 
atomic concentration as a function of distance. Dashed lines in [c] and [e] show 25 
at% C. 
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Figure 5-14: [a] Isosurface at 12.5% carbon concentration for cryogenically treated 
(quenched, 24 h DCT at −196°C and tempered for 2h at 200°C) sample [b] interface 
generated from isosurface [c] proxigram for the generated interface showing C and 
Fe atomic concentration as a function of distance. Dashed line in [c] shows 25 at% C 
 
The above analysis of the Fe0.6C alloy using the proxigram methodology strongly 
indicates that Fe3C is precipitated during tempering for both conventionally treated 
and cryogenically treated samples. However, it has been reported extensively on 
exclusively by Das and collaborators that alloy carbides (M7C3 and M23C6 [M=Fe, Cr, 
V and Mo]) precipitate during low-temperature tempering of cryogenically treated 
martensitic steels alloyed with carbide forming substitutional alloying elements [99, 
102-108, 123, 124, 132]. These alloy carbides were only reported to precipitate when 
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tempered above 450°C in similar steels which are conventionally treated [71, 72]. To 
analyse if such precipitation of alloy carbides occurs in Fe-C steel alloyed with 
substitutional alloying elements such as Cr, the APT analysis was carried out on 
cryogenically treated and tempered 11Cr model alloy. 3D reconstruction of APT data 
of the 11Cr model alloy is shown in Figure 5-15-a, and the corresponding carbon and 
chromium distributions are shown in Figure 5-15-b and Figure 5-15-c, respectively. 
To find the distribution of solutes within the reconstructed data, nearest neighbour 
analysis of solute elements, carbon and chromium, were carried out. Figure 5-15-d and 
Figure 5-15-e shows the 5th nearest neighbour (5NN) distribution histogram of solute 
atoms, carbon and chromium, to its corresponding random distribution. It can be seen 
that carbon deviates from random but chromium shows no deviation from random. 
This result clearly indicates carbon clustering but no chromium clustering in 
cryogenically treated 11Cr model alloy after tempering. 
 
To quantify the chemical composition of the observed precipitates and clusters, an 
analysis similar to that carried out on the binary model alloy was completed. A 
concentration isosurface of carbon with a threshold value of 12.5% atomic carbon 
concentration was generated, Figure 5-16-a. Interfaces were then created from this 
isosurface, as shown in Figure 5-16-b. Composition proxigram were then generated 
from these interfaces, showing Fe, C and Cr atomic concentration as a function of 
distance. Figure 5-16-c shows the cumulative proxigram generated from all interfaces. 
The largest interface and the corresponding proxigram is shown in Figure 5-16-d and 
Figure 5-16-e, respectively. The amount of carbon inside the cluster in the 11Cr alloy 
was found to be 25-30 at. % carbon, which is similar to the value found in the binary 
alloy. The distribution of chromium was found to be uniform throughout the 
reconstructed data; that is, Cr was not found to partition to the carbide in this alloy 
under these tempering conditions. According to the analysis of compositional 
proxigram, particles in cryogenically treated 11Cr model alloy samples were found to 
be an iron carbide of form Fe3C. 
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Figure 5-15: [a] APT reconstruction for cryogenically treated (quenched, 24 h DCT 
at −196°C and tempered for 2h at 200°C)  11Cr model alloy, [b] C distribution and 
[c] Cr distribution [d] 5NN distribution of C atom indicating presence of clustering 
[e] 5NN distribution of Cr atom showing no deviation from random indicating no 
clustering 
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Figure 5-16: [a] Isosurface at 12.5% carbon concentration for cryogenically treated 
(quenched, 24 h DCT at −196°C and tempered for 2h at 200°C) 11Cr model alloy 
[b,c] all the generated interfaces and corresponding cumulative proxigram showing 
C,  Fe and Cr atomic concentration as a function of distance [d,e] Largest interface 
and it’s proxigram showing C,  Fe and Cr atomic concentration as a function of 
distance. Dashed lines in [c] and [e] show 25 at% C 
 
It has been also reported in the literature that the newly formed martensite that 
develops at cryogenic temperatures plays a significant role in the microstructural 
evolution of deep cryogenically treated steels during tempering [111, 113, 164]. To 
understand the tempering response of martensite formed at cryogenic temperatures, 
APT was carried out on cryogenically treated (quenched, 24 h DCT at −196°C and 
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tempered at 200° for 24) 20Ni alloy. This alloy was chosen as the martensite in this 
alloy forms during DCT. Figure 5-17-a shows the 3D APT reconstruction for 
cryogenically treated and tempered 20Ni alloy, and Figure 5-17-b and Figure 5-17-c 
show the carbon and nickel distributions, respectively. Visually, the nickel distribution 
appears homogeneous, in contrast to the carbon distribution.  To observe if clustering 
is present, a simple nearest neighbour distribution of solutes (C and Ni) was performed. 
Figure 5-17-d and Figure 5-17-e show the 5NN distribution histogram of C and Ni and 
is compared to its corresponding random distribution. On comparing the 5NN 
distribution of both carbon and nickel it can be seen that carbon deviates from random 
but nickel shows no deviation from random. 
 
Figure 5-17: [a] APT reconstruction for cryogenically treated (quenched, 24 h DCT 
at −196°C and tempered for 2h at 200°C)  20Ni model alloy, [b] C distribution and 
[c] Ni distribution [d] 5NN distribution of C atom indicating presence of clustering 
[e] 5NN distribution of Ni atom showing no deviation from random indicating no 
clustering 
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Figure 5-18-a shows the generated concentration isosurface with a threshold value of 
12.5% atomic carbon concentration, similarly performed on the binary and 11Cr alloy. 
Interfaces were then created from this isosurface as displayed in Figure 5-18-b. Figure 
5-18-c shows the average composition proxigram generated from all the interfaces, 
and Figure 5-18-e shows the compositional proxigram from just the largest interface. 
The proxigram reveals that the carbon concentration of the particles is between 25 and 
30at% carbon, and the absence of Ni partitioning at the matrix-carbide interface. The 
clusters in cryogenically treated 20Ni model alloy samples were concluded to be an 
iron carbide of form Fe3C. 
 
 
Figure 5-18: [a] Isosurface at 12.5% carbon concentration for cryogenically treated 
(quenched, 24 h DCT at −196°C and tempered for 2h at 200°C) 20Ni alloy [b,c] all 
the generated interfaces and corresponding cumulative proxigram [d,e] Largest 
interface and it’s proxigram showing C,  Fe and Ni atomic concentration as a 
function of distance 
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Figure 5-19 shows the cumulative proxigram of minor elements Mn, Al and Si from 
the interfaces generated using isosurface at 12.5% carbon concentration in the studied 
model alloys (Fe0.6C-QT, Fe0.6C-24T, 20Ni-24T and 11Cr-QT). Figure 5-19b shows 
partitioning of Mn to the carbide, and Al and Si to the surface of the particle. Also in 
Figure 5-19d, Si shows partitioning to the surface of the particle. The figure illustrates 
that all interface boundaries have a small segregation of minor elements. More analysis 
is required to establish the reason for segregation, which is beyond the scope of the 
present study.   
 
Figure 5-19: Cumulative proxigram of minor elements Mn, Al and Si from the 
interfaces generated using isosurface at 12.5% carbon concentration in model alloys 
[a] conventionally treated Fe0.6C alloy [b] cryogenically treated Fe0.6C alloy [c] 
cryogenically treated 20Ni alloy and [d] cryogenically treated 11Cr alloy 
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The APT analysis thus far has concentrated on the Fe3C carbides that develop during 
tempering. In the APT reconstructed volumes, these can be easily visualised and 
segmented from the matrix using the iso-concentration surface method. However, the 
matrix between these larger particles may also contain clusters which can affect 
properties such as strength, hardness and wear. These smaller clusters are typically not 
able to be seen visually and require a different analysis methodology. A cluster 
analysis was performed to identify the clusters and to quantify their size distribution. 
The cluster analysis was performed using the ‘Maximum Separation’ algorithm [279], 
which is detailed in Chapter 3. The choice of input parameters, such as maximum 
separation distance (dmax), minimum number of atoms in cluster (Nmin), envelope 
distance for which all non-solute ions are included in the cluster (L), and erosion 
distance for which  clustered non-solute ions are removed which are not included in 
the cluster (derosion), are critical because the output results are strongly dependent on 
the values used for the input parameters [280].  
 
Once the clusters are identified using ‘Maximum Separation’ algorithm, the Guinier 
radius, rG which represents the actual size of the feature, can be determined using the 
Equation 3-13 [223]. Figure 5-20 shows the size distribution of all clusters identified 
by the Maximum Separation algorithm for the three alloys: Fe06C, 20Ni, and 11Cr. It 
is clear from the results that there are two size ranges of features that are formed in the 
different alloys. There are a small number of large particles in all datasets, and these 
correspond to the large particles that can be visualised in the reconstructed volumes. 
In addition to these larger particles, most data sets show a population of smaller sized 
clusters which are only a ≤ 20 Å in radius. There is some variability in the number of 
clusters found, and this is a combination of the different sized volumes obtained for 
the different samples, and also a result of the variability in the martensitic 
microstructure. Figure 5-21 plots the carbon concentration of the individual clusters as 
a function of Guinier radius in the tempered model alloys (conventionally and 
cryogenically treated Fe0.6C binary alloy, cryogenically treated 11Cr and 20Ni alloy). 
It can be seen that the coarse particles tend towards a concentration between 20% and 
25% carbon, which is consistent with the iso-surface analysis described above. The 
smaller clusters have a wide range of compositions, and the range of compositions 
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observed was very different for each sample type. This is probably due to the local 
variability of martensite microstructures. 
 
 
Figure 5-20: Size distribution of clusters formed in [a] Conventionally treated 
(Quenched and tempered for 2h at 200°C) binary model alloy (Fe0.6C) [b] 
Cryogenically treated (Quenched, 24 h DCT at −196°C and tempered for 2h at 
200°C) binary model alloy [c] Cryogenically treated 20Ni model alloy (d) 
Cryogenically treated 11Cr model alloy 
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Figure 5-21: Composition analysis of clusters of tempered model alloys [a] 
Conventionally treated (Quenched and tempered for 2h at 200°C) binary model alloy 
(Fe0.6C) [b] Cryogenically treated (Quenched, 24 h DCT at −196°C and tempered 
for 2h at 200°C) binary model alloy (c) Cryogenically treated 20Ni model alloy (d) 
Cryogenically treated 11Cr model alloy 
 
5.3.5 Small angle neutron scattering analysis of precipitation during 
tempering of deep cryogenically treated steels 
Small-angle neutron scattering (SANS) was carried out on the model alloys and the 
AISI D2 tool steel with and without cryogenic treatment. SANS is particularly useful 
in steels to study precipitates because of the low volume fractions of precipitates and 
strong magnetic contrast that exists between precipitates and matrix [231]. In this 
particular study, SANS was used to understand the size distribution of carbides formed 
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during tempering and the effect of deep cryogenic treatment on the same. To our 
knowledge, this analysis technique has not been previously conducted on DCT 
martensitic steels.  As discussed in Chapter 2, the precipitate analysis in prior studies 
on DCT martensite was conducted by using image processing software, such as 
ImageJ, on the SEM micrographs of samples with and without cryogenic treatment [5, 
105, 123, 127, 162]. Collins and Dormer [5] have studied the effect of cryogenic 
treatment on carbide precipitation in AISI D2 tool steel austenitised at different 
temperatures by comparing SEM images using image processing software. A similar 
technique was also used by Das et al [105, 123] for comparing the carbide precipitation 
in AISI D2 tool steel after DCT.  However, SEM analysis in Section 5.3.3 on AISI D2 
tool steel to quantify the changes in volume fraction of carbide did not reveal any 
changes in carbide volume fraction in the small carbide range as the microstructures 
was too complex to use simple image analysis due to the complexity involving fine 
lath martensite and the presence of primary carbides, therefore SANS was used as a 
technique to analyse a quite large volume of material to provide carbide metrics in the 
sub-micron range. 
SANS has been successfully used in steels to study particle (carbide) distribution [231, 
233, 281-289]. There are a few studies particularly on tempered martensitic steels 
where SANS was used to study the size distribution of MC/M2C carbide in high-speed 
steel HS6-5-2 [282], Lave phase and β-NiAl in maraging steel [285, 286] and Cu 
precipitation in medium carbon steel [281]. Leitner et al [282] studied the evolution of 
MC/M2C carbide precipitates during tempering in high-speed steel HS6-5-2 at 590°C 
using a 2-phase model comparing nuclear and magnetic cross section. Particle size 
distribution was calculated using the indirect method according to: 
𝑓𝑓 =  ∫ 𝜀𝜀(𝑅𝑅)𝑉𝑉(𝑅𝑅)𝑑𝑑𝑅𝑅𝑅𝑅𝑚𝑚𝑚𝑚𝑚𝑚𝑅𝑅𝑚𝑚𝑖𝑖𝑛𝑛         Equation 5-1 
Leitner et al [282] were successful in employing SANS to look at the distribution of 
particles during tempering.  Simm et al [285, 286] used SANS to look at the particle 
distribution in maraging steel tempered at 540°C. Simm et al [285, 286] have 
acknowledged the difficulties in using SANS in martensitic steels as scattering is 
generated from both the martensitic laths (particularly in low q) and particles. But, 
Simm et al [286] were successful in quantifying the volume fraction of precipitates by 
   
155 
 
fitting the scattering from the background and martensitic matrix using a Guinier Porod 
function [286]. Jung et al [281] investigated Cu precipitation during martensite 
tempering of medium C steel (Fe–0.44C–0.60Mn–0.21Si–0.11Cr–1.53Cu (wt.%)) 
using SANS. Fitting was carried out successfully by assuming Cu precipitates show a 
log-normal size distribution [281]. Considering these past successful SANS studies on 
sub-micron precipitates in tempered martensitic steels, this technique was applied with 
confidence in the present study.   
 
A Kratky plot, q2.I(q) vs q, was used to graphically express the scattering profile in 
this study [250]. The Kratky plot style was chosen because it will show a peak if there 
is scattering from a group of similarly sized precipitates, but also because the area 
under the Kratky curve is directly proportional to the volume fraction of the scattering 
species. Figure 5-22 shows the Kratky plot of the binary Fe-C alloy after background 
subtraction in all four conditions; as-quenched, 24 h DCT (quenched and 24 h DCT at 
−196°C), conventionally treated (quenched and tempered at 200°C for 2h) and 
cryogenically treated (quenched, 24 h DCT at −196°C and tempered at 200°C for 2h). 
The methods for extracting data from the raw file and background subtraction are 
explained in Chapter 3. The background subtracted SANS data from these four sample 
conditions are plotted in two different ways; Figure 5-22-a shows only the nuclear 
scattering component, and Figure 5-22-b shows the magnetic component. The 
magnetic signal is larger than the nuclear signal, which is consistent with the literature 
[290] on Fe-Cu (Fe -1.11 wt.% Cu – 0.0056 wt.% C) and Fe-Cu-B-N (Fe - 1.06 wt.% 
Cu - 0.052 wt.% B - 0.029 wt.% N – 0.0032 wt.% C) alloys indicating that non-
magnetic particles have a stronger magnetic scattering intensity compared to nuclear 
scattering intensity. In the quenched condition, before tempering, the small angle 
scattering intensity was found to be unaffected by cryogenic treatment, Figure 5-22. 
However, after tempering, there were two changes of note; the intensity of both the 
nuclear and magnetic scattering signals decreased, and the scattering signals of the 
DCT and conventionally treated samples were no longer identical. After tempering the 
DCT sample showed a lower scattering intensity at low q values compared to the 
conventionally treated alloy. 
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Figure 5-22: Kratky plot of binary alloy Fe0.6C in four conditions; as-quenched, 24 h 
DCT (quenched and 24 h DCT at −196°C), conventionally treated (quenched and 
tempered at 200°C for 2h) and cryogenically treated (quenched, 24 h DCT at −196°C 
and tempered at 200°C for 2h) [a] Nuclear spectrum and [b] Magnetic spectrum 
 
The remainder of the samples were examined only in the tempered condition because 
this is the condition in which the improvement in wear resistance was reported in deep 
cryogenically treated martensitic steels [11, 12, 22, 88, 90, 99, 102, 104, 107, 118-127, 
139, 143, 150, 160, 291-294]. Figure 5-23-a shows the Kratky plot of the 4Ni alloys 
(Fe0.6C-4Ni) in the conventionally treated and cryogenically treated condition. The 
4Ni alloy shows a slightly lower scattering signal at low q values for the cryogenically 
treated condition. Although the difference is small, it could be indicative of either a 
coarsening in the population of scattering species, or it could be indicative of a lower 
volume fraction. Figure 5-23-b shows a similar Kratky plot of the tempered 12Ni 
alloys (Fe0.6C-12Ni) in the conventionally treated and cryogenically treated 
condition. Interpretation of the 12Ni data is complicated due to the austenite 
transformation during DCT. Nuclear scattering from both conditions look very similar, 
however, the magnetic signal looks different in the intermediate q-range. This is likely 
to be because of the increased volume fraction of carbides precipitated during 
tempering and/or due to the newly formed lath morphology in the DCT sample which 
is quantitatively indicated later in the Discussion section. The 20 Ni alloy (Fe0.6C-
20Ni) was fully austenitic in the quenched condition, and therefore not tested by 
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SANS. However, after DCT this alloy develops an appreciable martensite fraction. 
Figure 5-23-c shows the SANS data for the cryogenically treated 20Ni alloy. Similar 
to other nickel model alloys, the magnetic signal was larger than the nuclear signal 
indicating that non-magnetic particles have a stronger magnetic scattering intensity 
compared to nuclear scattering intensity. Figure 5-23d shows the Kratky plot for 
Fe0.6C-11Cr model alloy after background subtraction. The alloy behaves similarly to 
the binary alloy with cryogenically treated and tempered samples showing lower 
intensity in low q-range than quenched and tempered samples. Again, the increase in 
magnetic scattering at intermediate q-range could be due to the increase in volume 
fraction of iron carbide formed during tempering.  
 
Figure 5-23: Kratky plot of conventionally treated (quenched and tempered for 2h at 
200°C) and cryogenically treated (quenched and 24 h DCT at −196°C and tempered 
for 2h at 200°C)  [a] Fe0.6C-4Ni alloy, [b] Fe0.6C-12Ni alloy, [c] Fe0.6C-20Ni alloy 
and (d) Fe0.6C-11Cr model alloy 
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Figure 5-24 shows the Kratky plot for tempered D2 tool steel in both conventionally 
treated and cryogenically treated conditions. The plot shows that across the entire q-
range, the conventionally treated samples show a higher scattering intensity than the 
samples subjected to DCT. Again, the drop in scattering signal is indicative of a drop 
in volume fraction of scattering particles in those samples subjected to DCT.  
 
 
Figure 5-24: Kratky plot of conventionally treated (quenched and tempered for 2h at 
200°C) and cryogenically treated (quenched, 24 h DCT at −196°C and tempered for 
2h at 200°C) AISI D2 tool steel [a] Nuclear spectrum and [b] Magnetic spectrum 
 
5.3.6 Effect of tempering on residual stresses of cryogenically treated 
martensitic steel 
It has been reported that cryogenic treatment induces compressive residual stress in 
martensitic steels due to the transformation of retained austenite to martensite during 
DCT [89, 134, 135, 181]. However, all these articles acknowledge residual stress 
relaxation during tempering due to precipitation of fine carbides and dislocation 
annihilation. Understanding of residual stress in tempered martensitic samples is 
important for this study as a clear understanding on the effect of cryogenic treatment 
on residual stress is unknown and these induced stresses may have an influence on 
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final wear behaviour of the material. The effect of cryogenic treatment on residual 
stresses generated in the martensitic steel was studied in Chapter 4 for three model 
alloys (Fe0.6C, 4Ni and 12Ni) and AISI D2 tool steel austenitised at 1020°C. These 
were the same set of alloys used to study the effect of tempering on the residual stresses 
on conventionally (as-quenched) and cryogenically (quenched and 24 h DCT at 
−196°C) treated martensitic steels. Residual stress was measured using XRD, by 
determining the d-spacing at various psi angle at a 2theta angle of 82.250. Sample 
preparation for residual stress measurement using XRD is complicated as additional 
stresses can be generated during sample preparation. A detailed description of sample 
preparation is detailed in Chapter 3.  
 
 Figure 5-25 shows the d-spacing vs sin2(psi) plot for all the model alloys (Fe0.6C, 4Ni 
and 12Ni) and AISI D2 tool steel for both conventionally treated and cryogenically 
treated condition. The slope determined from the sin2(psi) plots were used to determine 
the residual stress. Figure 5-26 shows the effect of tempering on the residual stresses 
on conventionally and cryogenically treated binary alloy, 4Ni model alloy, 12Ni model 
alloy and AISI D2 tool steels. The binary Fe0.6C alloy, with 100% martensite, show 
almost complete stress relief after tempering in both conditions. Stress relief was also 
observed in other model alloys conventionally treated but the amount was substantially 
less with increasing Ni content. Moreover, the cryogenically treated model alloys also 
showed similar relief. However, the stress relief behaviour of conventionally treated 
AISI D2 tool steel during tempering (minimal stress relief) was different from 
cryogenically treated AISI D2 tool steel (large stress relief).  
 
Figure 5-26 clearly shows that model alloys and AISI D2 tool steels did not develop 
substantial compressive residual stresses during quenching as proposed in the 
literature. Deep cryogenic treatment was not found to have any effect on the residual 
stress of any of the alloys tested. When tempered, both the conventionally quenched 
and cryogenically treated martensitic steels showed relief of residual stresses, and there 
are many data to support a general trend in decreasing residual stress with tempering 
in martensitic steels [219, 295-298].   
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Figure 5-25: d-spacing vs sin2(psi) plot to measure residual stress in conventionally 
treated and cryogenically treated [a] Fe0.6C, [b] 4Ni alloy, [c] 12Ni alloy and [d] 
AISI D2 tool steel. 2θ angle of 82.250 was used for all these measurements at 
different psi angles 
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Figure 5-26: Effect of tempering on residual stress in model alloys (Fe0.6C, 4Ni and 
12Ni) and AISI D2 tool steel austenitised at 1020°C for both conventionally and 
cryogenically treated samples 
 
5.4 Discussion 
5.4.1 Changes in hardness and dislocation density during tempering  
There are several possible mechanism for the strength of martensite in carbon steels 
such as solid solution strengthening due to interstitial or substitutional elements [299], 
strain hardening (dislocation density) [300-302], fine twinning, grain size (martensite 
lath size) [47, 48], carbon segregation [35, 45], and precipitation strengthening [303]. 
Despite the complexity of martensitic microstructures and the different strengthening 
mechanism involved, carbon plays the most important role, see Figure 2-7. In the 
present study, the carbon concentration was kept near constant for the model alloys, 
and in this case, the dislocation density becomes the next most significant factor 
determining strength. The reduced distortion of the martensite crystal lattice could also 
result in loss of hardness during tempering but as the model alloys has a c/a ratio close 
to unity (as per literature) there is no distortion of crystal lattice to account for.   
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The hardness and dislocation density for both conventionally treated and cryogenically 
treated alloys were found to decrease during tempering, Figure 5-1 and Figure 5-4. 
The decrease in hardness that results from tempering of steels is well documented in 
the literature, and is known to be due to two main reasons: decrease in dislocation 
density from static recovery, and coarsening of carbides [36, 54, 55, 65, 304]. To 
examine the relationship between dislocation density and strength in the present 
dataset, the hardness is plotted against the square root of dislocation density similar to 
the one used in Chapter 4. Figure 5-27 shows this plot for samples before and after 
tempering, for both cryogenically treated and conventionally treated model alloys. It 
can be seen from Figure 5-27 that the drop in dislocation density was proportional to 
the drop in hardness. It was observed irrespective of the cryogenic treatment and was 
observed in all model alloy which had above 85% martensite before tempering. 
Therefore, it can be concluded that one of the main reason for the decrease in hardness 
observed in model alloys during tempering in both conventionally treated and 
cryogenically treated alloys is related to the annihilation of dislocations that occurs 
during tempering. 
 
 
Figure 5-27: Square root of dislocation density is plotted against the hardness of 
samples before and after tempering to see if the decrease in hardness and dislocation 
density during tempering is interrelated as per Taylors equation. [a] Samples without 
cryogenic treatment and [b] Samples with cryogenic treatment 
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5.4.2 Effect of tempering on precipitation in cryogenically treated steels 
Scanning electron microscopy on etched samples indicated that in the tempered 
condition the martensite developed asperities that could have been fine carbide 
precipitates. This is consistent with them being absent in the as-quenched condition, 
Figure 5-28. The solute distribution was examined at a higher magnification with APT. 
This analysis identified that the carbides that developed are iron carbide, and have a 
composition very close to Fe3C. 
 
 
Figure 5-28: Scanning electron micrographs of Fe0.6C model alloy in [a] as-
quenched and [b] quenched tempered condition [c] APT reconstruction of quenched 
tempered Fe0.6C model alloy showing the cluster of carbon which was identified as 
iron carbide. The red line shows how the asperities observed in SEM micrographs 
could be iron carbides 
 
 In alloys with Cr and Ni, these solutes did not partition to or from the iron carbide; 
their composition was invariant across the precipitate interface. This is consistent with 
the literature that indicates precipitation of iron carbides (eta-carbides) at 200°C [36, 
65, 305] and precipitation of alloy carbides requires temperatures in the range of 500 
to 700°C [187]. It has been suggested in the DCT literature that cryogenic treatment 
may allow the formation of alloy carbides at lower temperatures, however, the present 
data do not support this suggestion. The diffusivity of solute elements is relatively low 
at 200°C [187], and this limits the ability of these elements to take part in precipitation 
reactions at such a low temperature. For example, diffusion coefficient of carbon in 
iron at 200°C is 1.01x10-15 m2s−1 [268], whereas the diffusion coefficient of 
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substitutional carbide forming elements, such as chromium is 6.05x10-36 m2s−1 [306]. 
The APT analysis showed the iron carbide precipitates to have a width in the range of 
100-300 Å, and lengths in excess of 800 Å. Referring back to the SEM micrographs, 
this size and shape seem consistent with the observations of asperities inside the 
martensite of tempered samples, Figure 5-28-c. 
 
SANS was used to further examine the differences between the quenched and DCT 
samples in the tempered condition. Figure 5-29 compares SANS scattering from the 
pure iron reference sample, the fully martensitic microstructure of the Fe0.6C alloy in 
the as-quenched condition and the tempered martensitic microstructure of the Fe0.6C 
alloy in the quenched and tempered condition. The scattering intensity of the 
martensitic structure was significantly higher than the pure iron reference sample. This 
is probably due to the solute clusters [282]. After tempering, however, Figure 5-29 
shows that there was a drop in scattering intensity for both the magnetic and nuclear 
signals after tempering of the fully martensitic Fe0.6C alloy. It might be anticipated 
that tempering, which generates a relatively large volume fraction of sub-micron 
precipitates, would result in a higher scattering signal from these newly formed 
particles. However, this was not observed to be the result of tempering. The drop in 
scattered intensity resulting from tempering could be indicative of either a significant 
drop in volume fraction of scattering particles or else, it could be due to coarsening of 
those particles. In order to examine this further, a quantitative data fitting was 
conducted.  
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Figure 5-29: Small angle scattering comparison for pure iron, binary model alloy 
(Fe0.6C) in as-quenched condition and in quenched and tempered condition. 
Scattering data is plotted without background correction in a Kratky plot for [a] 
Nuclear spectrum and [b] Magnetic spectrum 
 
5.4.2.1 Quantitative fitting procedure for SANS 
The quantitative fitting of the SANS data was carried out in collaboration with the 
supervisory group and instrument scientist [307]. The fitting procedure utilised the 
commercially available software package Igor Pro, using the NIST small-angle 
scattering data analysis macro written by Kline [308] (this package is also known as 
the Irena package for the analysis of small-angle scattering data). Only the magnetic 
signal was used for quantitative fitting because there was a strong magnetic contrast 
between the non-magnetic precipitates (carbides) and the magnetic matrix (martensite) 
[231]. 
 
For the quantitative fitting of the tempered samples, all of the particles of interest were 
considered non-magnetic and spherical. The magnetic scattering length density of the 
martensitic matrix, ρmagα  is 5x10-6 Å-2 and the non-magnetic scattering species, ρmagβ 
is zero [233]. The particles had a Schulz size distribution. The Schulz distribution 
function is defined as: 
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𝑓𝑓(𝑅𝑅) = (𝑧𝑧 + 1)𝑠𝑠+1𝑒𝑒𝑠𝑠 𝑒𝑒𝑒𝑒𝑒𝑒[−(𝑠𝑠+1)𝑒𝑒]
𝑅𝑅𝑚𝑚𝑎𝑎𝑎𝑎𝛤𝛤(𝑠𝑠+1)      Equation 5-2 
Where,  
𝑧𝑧 = 1
𝑒𝑒2
− 1 
Polydispersity, 𝑒𝑒 = 𝜎𝜎
𝑅𝑅𝑚𝑚𝑎𝑎𝑎𝑎
  
𝑒𝑒 = 𝑅𝑅
𝑅𝑅𝑠𝑠𝑎𝑎𝑔𝑔
 
𝜎𝜎 = the standard deviation 
R = radius 
𝑅𝑅𝑠𝑠𝑎𝑎𝑔𝑔 = mean radius 
With a Schulz distribution, the intensity is calculated by: 
𝐼𝐼(𝑞𝑞) =  �4𝜋𝜋
3
�
2
𝑁𝑁0Δ𝜌𝜌
2 ∫ 𝑓𝑓(𝑅𝑅)𝑅𝑅6𝐹𝐹2(𝑞𝑞𝑅𝑅)𝑑𝑑𝑅𝑅∞0    Equation 5-3 
where 𝑁𝑁0 is the total number of particles per unit volume, f(R) is the particle size 
distribution,  Δ𝜌𝜌 is the difference between magnetic scattering length density of matrix 
(martensite) and solute (particles) and F(qR) is the scattering amplitude for a sphere, 
calculated as: 
𝐹𝐹(𝑒𝑒) =  3[𝑖𝑖𝑒𝑒𝑒𝑒(𝑒𝑒)−𝑒𝑒 𝑐𝑐𝑐𝑐𝑖𝑖(𝑒𝑒)]
𝑒𝑒3
     Equation 5-4 
When shown in a Porod plot, log(I(q)) vs log(q), rather than the Kratky plot style, the 
magnetic SANS signals for most tested alloys revealed two distinct peaks (e.g. Fe0.6C-
12Ni in Figure 5-30a). The APT analysis also showed the presence of a bimodal 
particle size distribution in the tempered samples, Figure 5-20. Therefore, one of the 
fitting assumptions used here was that there were two distinct particle populations 
contributing to the scattering signal. The SEM images also showed that there were 
some larger particles and inclusions above ~ 1 micron which would not produce a peak 
in the q range examined by SANS. However, these sized particles do contribute to the 
continuous scattering background in the sample that produces a slope of q-4 on the 
Porod plot [309]. This too was added to the scattering simulation, but only for the 
tempered samples. This third, coarse particle distribution was modelled using the same 
Schulz sphere model in the tempered samples using volume fraction as 0.06, size as 
   
167 
 
5000 Å and polydispersity as 0.8. The background that this coarse particle population 
added to the scattering simulation of the tempered samples is shown in Figure 5-30a.  
 
To fit the SANS data using the Schulz distribution, the polydispersity of the small and 
medium-sized particles was constrained to be close to 0.5 but still fit the curve closely. 
Whereas, the polydispersity of the coarse particle population was chosen to be 0.8, as 
the distribution of particle sizes and shapes in this population is likely to be large. 
Further, the volume fraction, size and polydispersity of the coarse particles was kept 
constant in all fittings for all samples. The equilibrium phase diagram of the Fe0.6C 
alloy at 200°C predicts ~0.1 volume fraction of cementite. Therefore, the sum of all 
three populations was constrained to be close to the equilibrium value of ~0.1. Figure 
5-30-a shows an example of the predicted intensities for the Schulz model for small, 
medium and coarse particles. The summation of the fit for the magnetic scattering 
signal obtained from SANS is shown in Figure 5-30-b. 
 
 
Figure 5-30: Experimental SANS data of conventionally treated (quenched and 
tempered at 200°C) Fe0.6C-12Ni model alloy. [a] The quantitative fitting of the 
bimodal Schulz model for the smaller and medium-sized particles and Schulz model 
for the coarse particle distribution, are shown separately. [b] The summation of these 
two models [307] 
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5.4.2.2 Effect of tempering on the Fe-0.6C alloy 
The experimental SANS data for the quenched martensite is shown together with the 
data for the tempered sample in Figure 5-31a. As previously described, the tempered 
samples show significantly lower scattering intensities, particularly at low q values. 
The quantitative fitting of the experimental data is shown in Figure 5-31a, and it can 
be seen that there is a good correlation between the fit and the measured data. The 
particle size distributions, calculated from the fitting parameters, for the quenched and 
quench-and-tempered samples are shown in Figure 5-31b.  The most significant 
difference between the quenched and the quench-and-tempered Fe0.6C alloy is the 
significant decrease in volume fraction across the entire population. This explains why 
there is a significant drop in the scattering intensity observed in the tempered samples, 
compared to the untempered martensite, Figure 5-31. The drop in volume fraction of 
particles observed after tempering appears related to the formation of fewer particles 
with a size of a few microns during tempering. These large particles cannot be 
observed in the q-range selected, therefore the volume fraction of small particles that 
contribute to scattering in the observable q range decreases as a result of tempering.  
 
Figure 5-31: [a] SANS magnetic scattering signal from Fe0.6C model alloy for 
quenched, and quenched and tempered condition. Fitting is done to determine the 
size distribution of the non-magnetic species contributing to the scattering of the 
magnetic signal. [b] shows the particle size distribution determined from the Schulz 
model.The fit shows significant decrease in volume fraction across the entire 
population in tempered sample [307]  
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The size distribution obtained from the SANS fitting (Figure 5-31) can be compared 
to the atom probe data (Figure 5-32) where the particle size is binned to 50 Å for better 
comparison. The APT analysis of the quenched sample shows the particles have a size 
distribution with a maximum at ~100 Å.  This is close to the result obtained from 
SANS, Figure 5-31. However, the Fe0.6C sample in quench-and-tempered condition 
shows visibly larger and more well-defined carbon particles in the APT reconstruction, 
Figure 5-12. Comparing the SANS and APT particle size distribution for the tempered 
sample show similar volume fraction in smaller clusters (< 200 Å) but there is a large 
difference in larger particles (200-500 Å). This difference in volume fraction could be 
due to the carbide distribution. APT analysis data locally for a small volume, a few 
large carbides could easily contribute to more than half the volume fraction of the 
analysed needle. SANS, on the other hand, analyses the data over a large volume 
(20x20x1 mm) where there will be thousands of carbides and the value of volume 
fraction will be better normalised.  Figure 5-31 and Figure 5-32 clearly shows that 
tempering leads to larger particles with a decrease in volume fraction of smaller 
clusters of size less than ~150 Å. Further, it can be concluded that the quenched 
martensite has a high scattering signal because of the presence of high volume fraction 
of small-sized clusters which can be correlated with non-random distribution in the 
APT observations. These results also indicate that the small carbon clusters that 
develop in the martensite coarsen during tempering and grow to form large carbide 
particles. 
 
 
   
170 
 
 
Figure 5-32: Particle radius and volume fraction from APT cluster analysis for [a] 
quenched and [b] quenched and tempered binary Fe0.6C alloy. The inset figure 
shows the carbon distribution in the alloy for each condition. Note larger y-axis in 
[b]. 
 
5.4.2.3 Effect of cryogenic treatment on tempered microstructure 
The fittings obtained on the six different alloys in the quench-and-tempered condition 
and the DCT-and-tempered condition are shown in Figure 5-33. The quantitative 
fitting for all samples are shown in Figure 5-33, and the size distribution shown in 
Figure 5-34. The red lines in Figure 5-34 show particle size distributions in 
conventionally treated alloys and the blue line shows particle distribution in 
cryogenically treated alloys after tempering [307]. It can be seen that the quantitative 
fit, which assumes a bimodal particle distribution, matches the experimental data quite 
well. From the fitted data, three alloys, Fe0.6C, 4Ni and D2, show a smaller volume 
fraction of the medium sized particles after cryogenic treatment, corresponding to the 
observed drop in scattering signal at low q value. Whereas, the two model alloys with 
higher solute concentrations, 12Ni and 11Cr, both show an increase in volume fraction 
of small-sized precipitates (with radii approximately 100 Å), and a refinement of the 
middle size precipitates (with radii approximately 500 Å) as a result of DCT, Figure 
5-34.  
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Figure 5-33: Fitting of all SANS data using Schulz sphere and Bimodal Schulz 
sphere model to obtain a particle size distribution [307] 
 
Figure 5-34: Particle size distribution for the alloys after tempering with and without 
cryogenic treatment. Red line indicates Schulz distribution of non-magnetic particles 
in conventionally treated alloys and the blue line indicates Schulz distribution of 
non-magnetic particles in cryogenically treated alloys [307] 
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The two fully martensitic alloys, Fe0.6C and 2Ni both show a decrease in volume 
fraction of the medium-sized carbides, and a slight increase in volume fraction of finer 
particles as a result of DCT in tempered samples. This could be due to the increased 
dislocation density generated during DCT. Dislocations act as sites for carbon 
segregation [36, 54] and aids faster diffusion of solute atoms, therefore an increase in 
dislocation density prior to tempering may result in an increased volume fraction of 
the smaller (~50 Å) particles being precipitated on this dislocation forest during 
tempering. The increased number of nucleation sites that are generated in the newly 
formed martensite reduce the average particle size reduces the volume fraction of the 
medium-sized (~400 Å) particles. Whereas the two model alloys with a high 
transformation of retained austenite during DCT, 12Ni and 11Cr, exhibit an overall 
increased volume fraction of carbides. This is directly related to the increased volume 
fraction of martensite after DCT in these alloys. Similar to Fe0.6C and 2Ni, these two 
alloys also show an increased volume fraction of finer carbides and decreased volume 
fraction of medium-sized particles due to the increase dislocation density generated 
during DCT. 
 
SANS on 24 h DCT-tempered 20Ni alloy illustrated the carbide distribution in 
martensite formed at a sub-zero temperature (20Ni alloy had a fully austenitic 
microstructure in as-quenched condition). When compared to 24 h DCT-tempered 
Fe0.6C alloy (fully martensitic in as-quenched condition) 20Ni alloy had a higher 
volume fraction of medium-sized particles than smaller particles. 24 h DCT-tempered 
20Ni alloy has relatively lower dislocation density than Fe0.6C alloy, resulting in far 
fewer nucleation sites (carbon clustering) for carbides to precipitate and so there is an 
increased volume fraction of medium-sized particles. It is worth noting though, that 
martensite formed at DCT is highly constrained by the existing martensite, relative to 
a fully austenitic steel, and so may not be a direct comparison. 
  
The D2 tool steel showed an overall drop in volume fraction of carbides as a result of 
DCT, noting that the change in volume fraction of austenite as a result of DCT was 
only 6%. However, increase in dislocation density was observed after DCT (details 
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contained in Chapter4). These dislocations should have facilitated in better carbon 
distribution [271], consequently more precipitation. It is likely that the drop in volume 
fraction of particles observed in the D2 tool steel is because of the heterogeneous 
nature of eutectic carbides in the alloy, for example, the small secondary carbides (< 5 
microns) are non-uniformly distributed in the alloy. Since the experiments were not 
performed on the same sample (quenched-tempered and 24 h DCT-tempered) and 
were not repeated (due to the limitation of beam time), the result cannot be taken as 
conclusive. The presence of small secondary carbides should have influenced the 
SANS scattering signal making this analysis difficult. It is for this reason, model alloys 
were chosen as the influence of eutectic carbides (primary and secondary carbides) 
will not affect the characterisation of newly formed carbides.   
 
5.5 Conclusions 
A large number of articles has proposed increased precipitation of nano-sized carbides 
during tempering responsible for improved wear resistance observed in DCT steels. 
However, the nature, size, composition and mechanism for precipitation of these 
carbides was unclear. Therefore, the main objective of the work was to understand the 
effect of cryogenic treatment during tempering of martensitic steels. Model alloys and 
AISI D2 tool steels in both as-quenched condition and deep cryogenically treated (24 
h at −196°C) were subjected to tempering at 200°C for 2 hours. The tempered samples 
were analysed for changes in dislocation density and residual stress using XRD and 
changes in solute distribution and carbide precipitation using SANS and APT. The 
following conclusions were made: 
 
1. The decrease in hardness after tempering was dependent on the martensite in 
the sample prior to tempering. Therefore, both cryogenically treated and as-
quenched Fe0.6C (fully martensitic steel) showed a similar decrease in 
hardness ~120 HV after tempering. 
 
2. Similar to hardness, dislocation density also decreased during tempering due 
to static recovery and was dependent on the martensite in the sample prior to 
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tempering. Approximately, half of the dislocations were annihilated due to 
tempering at 200°C for 2 hours. This decrease in dislocation density was 
established to be the reason for the decrease in hardness and correlated using 
Taylor’s equation. 
 
3. Analysis of a volumetric fraction of carbides using SEM microstructure did not 
show any difference between the quenched-tempered and 24 h DCT-tempered 
AISI D2 tool steel sample. 
 
4. APT analysis on Fe0.6C, 11Cr and 20Ni cryogenically treated and tempered 
samples have shown that all carbides formed were of the Fe3C type and other 
substitutional elements, such as Ni and Cr did not partition to or from the 
carbides during tempering at 200°C. 
 
5. Bimodal distribution of particles was observed in Fe0.6C, 11Cr and 20Ni 
cryogenically treated and tempered samples after APT analysis. Similar results 
were also observed with SANS in both conventionally treated and 
cryogenically treated model alloys and AISI D2 tool steels. 
 
6. Fitting of SANS data in of tempered Fe0.6C and 2Ni have shown increased 
precipitation of nano-sized carbides and a decrease in volume fraction of the 
medium-sized carbides in the cryogenically treated samples due to increased 
dislocation density during DCT.  
 
7. 12Ni and 11Cr model alloys exhibit an overall increase in volume fraction of 
carbides with the increased volume fraction of finer carbides during tempering 
of cryogenically treated samples. This may be related to the increased volume 
fraction of martensite and the increased dislocation density during DCT.  
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CHAPTER – 6 
STUDY ON THE EFFECT OF DEEP 
CRYOGENIC TREATMENT ON 
WEAR RESISTANCE OF 
MARTENSITIC STEELS 
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6 The effect of deep cryogenic treatment on wear resistance 
of martensitic steels 
 
6.1 Introduction 
The effect of deep cryogenic treatment (DCT) on the wear behaviour of the model 
alloys and AISI D2 tool steel was examined in this chapter, correlating the behaviour 
to the understanding of microstructural evolution gained from previous two chapters. 
As detailed in Chapter 2 and summarised in Appendix A, wear behaviour in deep 
cryogenically treated  martensitic steels was mostly studied in the literature [11, 12, 
22, 88, 90, 99, 102, 104, 107, 118-127, 139, 143, 150, 160, 291-294] using a sliding 
wear test, in particular the ASTM G99-05 [310] pin-on-disc configuration. Further, all 
prior studies assessed wear behaviour on a single wear mode type. However, there are 
other types of tribological conditions that need to be considered, such as abrasion under 
high and low stress, and these have received little attention from prior work. These 
wear conditions are industrially relevant to many applications, such as quenched-
tempered steel components used in the mining sector and many metal forming tools. 
To achieve a comprehensive study, three types of wear tests were performed on both 
quenched-tempered (as-quenched and tempered at 200°C for 2 h) and 24 h DCT-
tempered (as-quenched, 24 h DCT at −196°C and tempered at 200°C for 2 h) samples. 
Of particular interest were the influence of retained austenite volume fraction and 
transformation on scratching behaviour under high-stress load, low stress abrasion and 
sliding wear. 
 
6.2 Experimental methods 
Table 6-1 shows the summary of wear tests performed on model alloys and variously 
austenitised AISI D2 tool steel.  The table also records the surface hardness and 
volume fraction of retained austenite in the tested samples. All alloys were tested in 
conditions of both quenched-tempered (as-quenched and tempered at 200°C for 2 h) 
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and cryogenically-tempered (as-quenched, 24 h DCT at −196°C and tempered at 
200°C for 2 h). 
 
Table 6-1: Summary of all wear tests conducted on model alloys and AISI D2 tool 
steel austenitised at various temperatures. Hardness and volume fraction of retained 
austenite are recorded for all alloys. 
Alloy 
Hv %RA High-stress 
abrasion 
scratch test 
Low stress 
abrasion 
scratch 
test 
Ball-on-
disc 
sliding 
wear test QT DCT QT DCT 
Fe-0.6C 596 605 0 0 X X  
 
Fe-0.6C-4Ni 572 607 4 0 X X  
Fe-0.6C-12Ni 408 538 27 6 X X X 
Fe-0.6C-20Ni 162 433 100 18 X X  
        
Fe-0.6C-4Cr 603 649 3 2 X   
Fe-0.6C-11Cr 541 620 8 3 X   
 
AISI D2 - 980°C 604 586 7 6  X  
AISI D2 - 1020°C 639 638 13 7 X X X 
AISI D2 - 1080°C 599 594 22 9  X  
 
 
6.2.1 High-stress abrasion scratch test 
A range of model alloys was chosen for high abrasion scratch testing, primarily chosen 
for varying amounts of retained austenite before and after cryogenic treatment. Also, 
the SANS analysis on the Fe0.6C-11Cr and Fe0.6C-12Ni alloys indicated increased 
precipitation of smaller (~50 Å) iron carbides during tempering, and so these were of 
interest. AISI D2 tool steel was included in this high-stress abrasion study as most of 
the literature on DCT has been performed on this material.  The 1020°C austenitising 
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temperature variant was selected as this is the most commonly used parameter in the 
literature.  
  
The high-stress abrasion scratch test is a modified grooving wear test. Grooving wear 
occurs when a hard body penetrates into a softer surface in a sliding contact [311]. The 
degree of penetration is directly proportional to the material loss and can be used to 
characterise the wear mode (as the degree of penetration increases the wear mode 
changes from ploughing to wedge forming to cutting) [312]. In ploughing, most of the 
material displaced during scratching plastically adheres to the wear groove. Whereas 
in wedge forming the amount of material displaced plastically adheres to the groove. 
And in cutting, materials are removed as chips.  Scratch testing has been used to 
quantify scratch hardness and friction measurements [313-319], characterise coated 
surface [320-323] and investigate abrasive wear [312, 324-335]. In this work, scratch 
testing is used to investigate the abrasive wear behaviour of model alloys and AISI D2 
tool steel. The principles and procedure used in this work are found in [317, 322, 323, 
326, 329, 334]. 
 
The scratch test was carried out in a custom-built apparatus. Figure 6-1 shows the 
custom built grooving machine used for high-stress abrasion scratch test. The grooving 
machine is a single axis servo controlled drive machine which moves the sample under 
a loaded indenter at a constant speed of 1 mm/s, producing a consistent gouge length 
of 35 mm. The sample was a flat rectangular block with a dimension of 49 x 40 x 5.4 
mm.  The indenter for grooving was conical stylus (30° cone) made from cemented 
tungsten carbide and cobalt (WC-10%Co) with a spherical tip radius of ~820 µm. The 
indenter was designed to bear a vertical load up to 4000 N. The load for the indenter 
was supplied via a 100 kN Instron 8801 servohydraulic testing system in load control 
compression mode.  
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Figure 6-1: Custom builds a scratch testing machine which will be attached to a 100 
kN Instron 8801 servohydraulic testing system for high-stress abrasion scratch test 
[336]. 
 
Both quenched-tempered and 24 h DCT-tempered model alloys and AISI D2 tool steel, 
as listed in Table 6-1, were tested to understand the material response to high-stress 
abrasion. Samples were machined to the desired dimension and heat treated. A series 
of test was carried out in each material at different loads between 300 N and 1800 N. 
Figure 6-2 illustrates the schematic representation of sample before and after the 
scratch test. The sample after scratch test exhibits a number of scratches generated at 
different test loads. The scratch starts as an indent by the application of a 150 N preload 
on the surface of the sample. The load is gradually increased to the desired load within 
20 seconds and remained constant for the rest of the testing period. Under the desired 
test load grooving machine slides along the surface for 35 mm at 1 mm/s producing a 
consistent scratch on the surface of the sample. Each test was performed in triplicate 
to ensure repeatability and reproducibility. Prior to the testing, all samples were 
mechanically ground using a 600-grit silicon carbide (SiC) abrasive paper for uniform 
surface roughness and surface hardness determined using Vickers hardness tester (HV 
-10kgf). Figure 6-3 displays an example optical image of the sample surface after the 
scratch test at different test loads. The figure also illustrates that the grooves become 
wider and deeper with increasing load on the indenter.  
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Figure 6-2: [a] Schematic representation of sample used in scratch testing [b] Sample 
after the scratch test, lines represent the grooves generated during the test. 
 
 
Figure 6-3: Optical image of sample surface after the scratch test at different test 
loads. 
 
The scratched samples were ultrasonically cleaned in ethanol to remove debris and a 
detailed profile of the surface was obtained by a 3D optical profilometer (Alicona™ 
InfiniteFocus) using a 10X objective lens at a vertical resolution of 100 nm and 
horizontal resolution of 4 µm.  The profile generated for each scratch was used to 
evaluate its characteristics, such as depth of scratch, the degree of wear and material 
loss. Prior studies [319, 337-339] had observed the presence of a transition behaviour 
(static indentation depth to steady state value) during the scratch test both in the 
experiment and in the simulation. Moreover, the scratch depth is often the deepest 
during the start of the scratch [336, 340]. Hence, the steady state region in the middle 
(5 mm in the middle) was used to determine the wear properties in this work. From the 
generated profile of the scratch surface, a cross-section of an individual scratch can be 
plotted by averaging the profile over the length of the scratch. Figure 6-4 shows a 
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schematic representation of a cross-section of an individual scratch where, 𝐴𝐴𝑔𝑔 is the 
area of groove, 𝐴𝐴1 and 𝐴𝐴2 are the areas of material plastically displaced from the 
groove, d is the depth of the groove and a and a’ are the half width of the groove. This 
cross section of the individual scratch was used to determine depth of scratch and 
material loss. Depth of scratch is directly recorded as ‘d’ whereas material loss can be 
calculated for a sliding distance (L) using the equation below [311]: 
𝑉𝑉 =  �𝐴𝐴𝑔𝑔 −  (𝐴𝐴1 + 𝐴𝐴2)� × 𝐿𝐿      Equation 6-1 
Where,𝐴𝐴𝑔𝑔, 𝐴𝐴1 and 𝐴𝐴2 are the areas measured from the cross-section of the scratched 
sample.  
 
 
Figure 6-4: Cross-section of wear groove. 
 
6.2.2 Low stress abrasion wear test 
Low stress abrasion wear tests were conducted using an ASTM G99-05 [310] 
compliant CSM high-temperature tribometer. This is a pin-on-disk apparatus, where 
low stress abrasion wear was simulated by forcing a cylindrical pin sample onto a 
rotating steel disk with an adhered layer of 600-grit SiC abrasive grinding paper. 
Cylindrical pin samples of the alloys for wear testing were machined from the hot 
rolled plate with a dimension of 50 mm in length and 6 mm diameter. Unlubricated 
wear tests were conducted for a sliding distance of 100 m, at a sliding speed of 0.15 
m/s, and with 4 different loads (5, 10, 15 and 20 N, equivalent to 0.5-1 MPa bearing 
pressure). The pin samples were cleaned with ethanol and weighed on a microgram 
balance before and after each test. All pin samples were mechanically ground using 
600-grit SiC grinding paper to ensure uniform surface roughness and flatness. Wear 
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tests were conducted on Fe0.6C, 4Ni, 12Ni and 20Ni model alloys to systematically 
assess the effects of retained austenite volume fraction. Similarly, AISI D2 tool steel 
was austenitised at 3 different temperatures (980, 1020 and 1080°C) to determine if 
the transformation of retained austenite during DCT had an effect on low stress 
abrasion wear behaviour. The wear rate (𝑊𝑊𝑒𝑒) was calculated as wear volume loss per 
unit sliding distance and specific wear rate (𝑊𝑊𝑆𝑆) was calculated from the equation 
below [120]: 
𝑊𝑊𝑆𝑆 =  𝑊𝑊𝑟𝑟𝐹𝐹𝑁𝑁        Equation 6-2 
Where, 𝑊𝑊𝑆𝑆 is the specify wear rate, mm3/Nm; 𝐹𝐹𝑁𝑁 is the load applied, N; and 𝑊𝑊𝑒𝑒 is the 
wear rate, mm3m-1. At least three tests were performed for each testing condition and 
an average wear rate is presented here with error bars representing the standard 
deviation. 
 
6.2.3 Ball on disc sliding wear test 
Most of the literature on wear of DCT martensite has been conducted in sliding wear 
tests [11, 12, 22, 88, 90, 99, 102, 104, 118-127, 132, 139, 143, 150, 160, 172, 174, 
291-294, 341]. To correlate our finding with literature, ball on disc sliding wear tests 
were conducted using an ASTM G99-05 [310] compliant CSM high-temperature 
tribometer on 12Ni model alloy and AISI D2 tool steel austenitised at 1020°C. The 
12Ni model alloy was chosen as it exhibits a high degree of retained austenite 
transformation resulting from DCT. AISI D2 tool steel was also tested to correlate the 
findings with the available literature. The austenitising temperature of 1020°C was 
selected as it is the most commonly applied heat treatment in the literature. The setup 
was similar to the low stress abrasion wear test, however, the test sample was a 
cylindrical disc (20 mm in diameter and 5 mm thick) instead of a pin and the counter 
materials was a smooth 6 mm diameter alumina ball. All disc samples were 
mechanically ground using a 600-grit SiC grinding paper to ensure uniform surface 
roughness and flatness. Wear tests were conducted for a sliding distance of 500 m with 
15 N load and 4 sliding speeds (100, 300, 400 and 500 mm/s) in an unlubricated 
condition. Due to the limitation of the test apparatus these test parameters represent 
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the upper limits of load and speed.   Wear rate and specific wear rate were calculated 
in a similar way to the low stress abrasion wear test. Each test was performed in 
triplicate to ensure repeatability and reproducibility.  
 
6.3 Results 
6.3.1  High-stress abrasion wear test 
Figure 6-5 shows the optical image of Fe0.6C binary alloy scratched under 500, 1000 
and 1600N load along with the height profile obtained from profilometry for both 
quenched-tempered and 24 h DCT-tempered condition. This image was taken at a 
location between 15 and 20 mm from the scratch starting position as discussed in the 
method section. The width and depth in both conditions for a given load were 
consistent and there was no evidence of cracking. There was no visible spalling nor 
delamination observed in the scratched surface of Fe0.6C alloy in quenched-tempered 
condition. However, spalling was observed in 24 h DCT-tempered sample at 1600N.  
 
Figure 6-5: Optical image and height profile of Fe0.6C binary alloy scratched under 
1000N load in [a] quenched-tempered and [b] 24 h DCT-tempered condition. 
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Figure 6-6 displays the profile of scratch generated during scratch test under 500, 1000 
and 1600N in 4Ni and 12Ni model alloys. Figure 6-6a and b show the optical image 
and height profile of 4Ni alloy in quenched-tempered and 24 h DCT-tempered 
condition. The width and depth of the scratches increase with the applied load but were 
found to be consistent in both conditions for a given load. Spalling and delamination 
were observed at higher loads in both conditions. No cracking was observed in both 
conditions. There is evidence of material pile-up at high loads in both conditions 
suggesting the samples are not completely brittle exhibiting only micro-cutting. Figure 
6-6c and d portrait the optical image and height profile of 12Ni alloy in quenched-
tempered and 24 h DCT-tempered condition. The width of scratch is only slightly 
wider for 24 h DCT-tempered sample but there is a clear distinction in the depth of 
scratch between quenched-tempered and 24 h DCT-tempered samples. The quenched 
tempered samples have a deeper scratch and a bigger material pile-up around the 
scratch. Delamination is observed in both conditions with no evidence of cracking. 
 
Figure 6-7 shows the optical image and height profile of scratch generated during 
scratch test under 500 and 1000N in the 20Ni alloy in quenched-tempered and 24 h 
DCT-tempered condition. The width and depth of scratches in quenched-tempered 
samples is much wider and deeper than the scratches in 24 h DCT-tempered samples. 
This is due to the transformation of 82% of soft retained austenite to hard martensite. 
Cracking is observed at 1000N in quenched-tempered sample whereas spalling and 
lamination is only observed at 1000N in 24 h DCT-tempered samples with no signs of 
cracking. The amount of material pile-up around the scratch is also more for the 
quenched-tempered sample suggesting the sample is more ductile. Scratch test above 
1000N was not possible in the 20Ni sample because of instrument limitation (amount 
of transverse load that can be applied). This suggests high friction coefficient for this 
alloy. 
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Figure 6-6: Optical image and height profile of nickel-containing model alloy 
scratched under 1000N load in [a] 4Ni quenched-tempered, [b] 4Ni 24 h DCT-
tempered, [c] 12Ni quenched-tempered and [d] 12Ni 24 h DCT-tempered 
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Figure 6-7: Optical image and height profile of nickel-containing model alloy 
scratched under 1000N load in [a] 20Ni quenched-tempered and [b] 20Ni 24 h DCT-
tempered condition. 
 
Figure 6-8a and b show the optical image and height profile of scratch generated during 
scratch test under 500, 1000 and 1600N load in the 11Cr model alloy in quenched-
tempered and 24 h DCT-tempered condition. The width and depth and scratches in 
both conditions are almost identical. Delamination is observed for all loads in both 
conditions with cracks observed in all samples. Cracking along with no material pile-
up at 500 and 1000N indicates that the samples are very brittle. However, pile-up is 
observed at higher load, 1600N, indicating that the samples are not completely brittle. 
Figure 6-8c and d display the optical image and height profile of scratch generated 
during scratch test under 500, 1000 and 1600N load in AISI D2 tool steel austenitised 
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at 1020°C. The depth and width of scratches are similar in both conditions with no 
cracking.  
 
Figure 6-8: Optical image and height profile of 11Cr alloy scratched under 1000N 
load in [a] quenched-tempered and [b] 24 h DCT-tempered and AISI D2 tool steel 
austenitised at 1020°C in [c] quenched-tempered and [b] 24 h DCT-tempered 
condition. 
 
   
188 
 
Figure 6-9 shows the cross-section of the scratch profile of scratches generated after 
scratch test under different loads on both quenched-tempered and 24 h DCT-tempered 
Fe0.6C binary alloy. Similar scratch profiles for nickel model alloys, chromium model 
alloys and AISI D2 tool steels generated after scratch test under different loads on both 
quenched-tempered and 24 h DCT-tempered samples are shown in Figure 6-10 and 
Figure 6-11. When comparing the effect of cryogenic treatment on the profile of 
scratches, only 12Ni and 20Ni samples show significant changes. This could be due to 
the significant transformation of soft retained austenite to hard martensite phase during 
cryogenic treatment in these alloys. It is also quite evident that softer material had a 
deeper scratch (20Ni and 12Ni samples) than a harder material (11Cr sample) for any 
given load. The profiles for 4Ni look quite rough, suggesting some delamination and 
fracturing. More analysis by calculating the material loss, depth of scratch and degree 
of wear are discussed below. 
 
 
Figure 6-9: Scratch profile of quenched-tempered and 24 h DCT-tempered  Fe0.6C 
binary alloy. 
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Figure 6-10: Scratch profile of [a] 4Ni quenched-tempered, [b] 4Ni 24 h DCT-
tempered, [c] 12Ni quenched-tempered, [d] 12Ni 24 h DCT-tempered, [e] 20Ni 
quenched-tempered and [f] 20Ni 24 h DCT-tempered conditon. 
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Figure 6-11: Scratch profile of quenched-tempered and 24 h DCT-tempered [a,b] 
11Cr model alloy and [c,d] AISI D2 tool steel austenitised at 1020°C. 
 
A more robust quantitative analysis for depth of scratch and material loss using the 
cross-sectional scratch profile data is detailed below. Figure 6-12 shows the material 
loss, depth of scratch and degree of wear of the binary Fe-C alloy subjected to high-
stress abrasion scratch test. The alloy was tested in both a quenched-tempered and a 
24 h DCT-tempered condition. Material loss and depth of scratch were measured from 
the average scratch 2D profile from the centre 5 mm of the wear track generated by 
analysis on the Alicona infinite focus optical profilometer (described in Section 6.2.1). 
It is apparent that both material loss and depth of scratch increase quite linearly with 
increasing load. Samples from both thermal treatment conditions show a similar 
material loss and depth of scratch across the different test loads, Figure 6-12a and 
Figure 6-12b. If there is any effect, it may be that DCT has slightly increased the 
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amount of wear, but the behaviour is not strong. The effect of an increase in dislocation 
density, which was observed after cryogenic treatment in fully martensitic 
microstructure (see Chapter 4), seems to have no strong influence in high-stress 
abrasion wear behaviour.  
 
 
Figure 6-12: [a] Material loss and [b] depth of scratch after scratch test for Fe0.6C 
model alloys in both quenched-tempered and 24 h DCT-tempered condition. 
 
Figure 6-13a-f shows the material loss and depth of scratch of 4Ni, 12Ni and 20Ni 
alloys measured after scratch testing in both the quenched-tempered and 24 h DCT-
tempered conditions. Samples from 4Ni in both heat treatment conditions show a 
similar wear rate and depth of scratch across the tested load range. Similarly, the depth 
of scratch and material loss observed in both conditions in the 12Ni model alloy are 
near equivalent. The most dramatic difference occurs for the 20Ni alloy when 
comparing the quenched-tempered and 24 h DCT-tempered variants (Figure 6-12e and 
f). The quenched-tempered material exhibited a higher wear rate (material loss) and 
depth of scratch than 24 h DCT-tempered sample. This difference is certainly related 
to the large increase in martensite as a result of DCT, where the volume fraction of 
martensite increased from 0 to 82%.  
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Figure 6-13: Material loss and depth of scratch for nickel-containing model alloys 
[a,b] 4Ni, [c,d] 12Ni and [e,f] 20Ni after scratch test in both quenched-tempered and 
24 h DCT-tempered condition. 
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Figure 6-14a, b show the material loss and depth of scratch of the chromium-
containing model alloys (4Cr and 11Cr).  The material loss and depth of scratch were 
found to be similar in both conditions for 4Cr and 11Cr model alloys.  Figure 6-14c 
shows the material loss and depth of scratch of AISI D2 tool steel samples austenitised 
at 1020°C in both quenched-tempered and 24 h DCT-tempered conditions. Similar to 
the chromium-containing model alloys, AISI D2 tool steel did not display an 
appreciable difference in terms of material loss and depth of wear between the 
quenched-tempered condition and 24 h DCT-tempered condition. All three samples 
show an exponential increase in material loss/depth of groove with an applied load in 
both conditions. Das et al [124] have reported delayed transition of wear behaviour 
from mild to severe wear in cryogenically treated AISI D2 tool steel. However, no 
such delayed transition was observed during this test both quenched-tempered and 
cryogenically tempered AISI D2 tool steel had similar material loss and depth of the 
groove. 
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Figure 6-14: Material loss and depth of scratch for [a,b] 4Cr model alloy, [c,d] 11Cr 
model alloy and [e,f] AISI D2 tool steel austenitised at 1020°C after scratch test in 
both quenched-tempered and 24 h DCT-tempered condition. 
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Figure 6-15 compares the effect of cryogenic treatment on specific (normalised by load 
and distance) wear rate of all tested alloys (Fe0.6C binary alloy, 4Ni, 12Ni, 20Ni, 4Cr 
and 11Cr ternary model alloy and AISI D2 tool steel austenitised at 1020°C) separated 
by applied load (500, 1000, and 1600 N). It is clearly seen from the figure that only 
20Ni alloy and 12Ni alloy at low load (500 N) are experiencing a significant impact 
on tribological behaviour as a result of DCT. It seems that the transformation of 
retained austenite to martensite during DCT is responsible for the improved wear 
behaviour of the alloy. This plot will be further discussed in Section 6.4.1. 
 
 
Figure 6-15: Specific wear rate of all high-stress abrasion test samples demonstrating 
the difference in tribological behaviour of quenched-tempered and 24 h DCT-
tempered samples. 
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6.3.2 Low stress abrasion wear test 
As mentioned, low stress abrasion wear testing was conducted on a select range of 
alloys, primarily to see the effect of retained austenite transformation on the 
tribological behaviour under low stress abrasion. Hence, model alloys (Fe0.6C, 4Ni, 
12Ni and 20Ni) and AISI D2 tool steel (austenitised at 980°, 1020° and 1080°C) with 
varying amount of retained austenite were selected for the test (see Table 6-1 for 
retained austenite values). The wear rate of quenched-tempered and 24 h DCT-
tempered binary Fe-C alloy, 4Ni, 12Ni and 20Ni alloys after low stress abrasion wear 
test are shown in Figure 6-16. Wear rate of fully martensitic Fe0.6C binary alloy 
increases linearly with an applied load in both quenched-tempered and 24 h DCT-
tempered condition. The effect of cryogenic treatment on wear rate is insignificant. 
The similar linear behaviour of wear rate with applied load is observed in all nickel 
containing model alloys. However, 12Ni and 20Ni alloy which has significant retained 
austenite transformation after DCT show a decrease in wear rate due to cryogenic 
treatment. The change in wear rate after cryogenic treatment is more significant at high 
loads in both 12Ni and 20Ni alloy. Figure 6-17 displays the wear rate of AISI D2 tool 
steel austenitised at 980, 1020 and 1080°C after low stress abrasion wear test. The 
wear rate of all AISI D2 samples increases with applied load irrespective of the 
austenitising treatment temperature or the amount of retained austenite in the matrix. 
The figure clearly illustrates that the effect of cryogenic treatment on low stress 
abrasion wear rate was only moderate, but consistently lowered the wear rate ~10%. 
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Figure 6-16: Effect of cryogenic treatment on the wear rate of model alloy under low 
stress abrasion condition [a] Fe0.6C binary alloy, [b] 4Ni model alloy, [c] 12Ni 
model alloy and [d] 20Ni model alloy. 
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Figure 6-17: Effect of cryogenic treatment on the wear rate of AISI D2 tool steel 
austenitised at [a] 980°C, [b] 1020°C and [c] 1080°C under low stress abrasion 
condition. 
 
The specific (normalised by load and distance) wear rate of model alloys (Fe0.6C, 4Ni, 
12Ni and 20Ni) in both quenched-tempered and 24 h DCT-tempered conditions 
separated by the applied load (5, 10, 15 and 20 N) are compared in Figure 6-18. It is 
seen from the figure that cryogenic treatment does not influence the low stress abrasion 
wear characteristics of fully martensitic binary Fe0.6C alloy and 4Ni model alloy. 
However, 12Ni alloy and 20Ni alloys show improvement after cryogenic treatment. 
The influence of cryogenic treatment in the 12Ni alloy is only marginal with maximum 
improvement at 20 N. In contrast, the 20Ni alloy displays a substantial improvement 
after cryogenic treatment across the load range, and maximum improvement at 20 N. 
This will be further discussed in Section 6.4.1.  
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Figure 6-18: Specific wear rate of model alloys in low stress abrasion wear test 
where quenched-tempered samples are compared with 24 h DCT-tempered samples. 
 
Figure 6-19 shows a similar analysis comparing quenched-tempered and 24 h DCT-
tempered AISI D2 tool steel austenitised at 980, 1020 and 1080°C. The figure shows 
there is a small influence of cryogenic treatment on wear behaviour under low stress 
abrasion in AISI D2 tool steel, and this influence (improvement) increases with the 
austenitising temperature suggesting the role of retained austenite. The figure also 
illustrates that the effect is more pronounced at the lowest load and the highest 
austenitising temperature. This will be also further discussed in Section 6.4.1. 
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Figure 6-19: Specific wear rate of AISI D2 tool steel in low stress abrasion wear test 
where quenched-tempered samples are compared with 24 h DCT-tempered samples. 
 
In general, the frictional behaviour of all tested alloys in all loading conditions 
exhibited three distinct stages: an initial running-in stage where the friction coefficient 
(μ) is high, a sharp drop in μ value, and then finally a stabilized friction value.  This 
behaviour is consistent with the literature [342-344], where similar behaviour is 
observed in martensitic steel samples under low stress abrasive wear conditions. The 
steady-state friction coefficient for all model alloys at various loads (5, 10, 15 and 
20N) are shown in Figure 6-20. The fully martensitic Fe0.6C binary alloy do not 
exhibit any change in friction coefficient due to cryogenic treatment. But in alloys with 
retained austenite (4Ni and 12Ni) the friction coefficient generated during low stress 
abrasion test increases due to cryogenic treatment for all applied loads with the 
maximum increase observed at the lowest load (5 N). For a fully austenitic model alloy 
(20Ni), the friction coefficient generated during the test decreases after cryogenic 
treatment at low load (5 N) and remained unaffected at other loads (10, 15 and 20N). 
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 Figure 6-20: Steady-state frictional coefficient values of model alloys 
(Fe0.6C, 4Ni, 12Ni and 20Ni) generated during low stress abrasion wear test under 
load 5, 10, 15 and 20N. 
 
Figure 6-21 displays the steady-state friction coefficient for AISI D2 tool steel 
austenitised at 980°, 1020° and 1080°C. It was evident from Figure 6-17 that wear rate 
for both quenched-tempered AISI D2 tool steel and 24 h DCT-tempered AISI D2 tool 
steel were similar. However, the coefficient of friction generated during the test was 
higher in the cryogenically treated sample, especially at higher loads. This increase in 
friction after DCT could be due to the transformation of soft retained austenite to the 
hard martensite phase. 
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Figure 6-21: Steady-state frictional coefficient values of AISI D2 tool steel 
austenitised at 980°, 1020° and 1080°C generated during low stress abrasion wear 
test under load 5, 10, 15 and 20N. 
 
 
6.3.3 Ball-on-disc wear test 
The ball-on-disc wear test was carried out on 12Ni model alloy and AISI D2 tool steel 
austenitised at 1020°C in both quenched-tempered and 24 h DCT-tempered condition. 
The test was conducted under 15 N load for a sliding distance of 500 meters in different 
sliding speed (100, 300, 400 and 500 mm/s). Figure 6-22 compares the effect of 
cryogenic treatment on the wear rate of 12Ni model alloy and AISI D2 tool steel. Wear 
rate of 12Ni model alloy decreased after cryogenic treatment for all four sliding speeds. 
This increase in wear resistance after DCT in 12Ni model alloy could be due to the 
transformation of retained austenite to martensite. Whereas, the wear rate of AISI D2 
tool steel was not affected by cryogenic treatment. In all four sliding speeds, the wear 
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rate of quenched-tempered AISI D2 tool steel was same as 24 h DCT-tempered AISI 
D2 tool steel. The wear rate in a sliding wear test increases with sliding speed, 
interesting in this test, wear rate of both quenched-tempered and 24 h DCT-tempered 
AISI D2 tool steel austenitised at 1020°C decreased with increasing sliding speed. 
However, a 12Ni model alloy in both condition showed increasing wear rate with 
sliding speed. This result is discussed further in Section 6.4.2. 
 
 
Figure 6-22: Wear rate of [a] 12Ni model alloy and [b] AISI D2 tool steel 
austenitised at 1020°C after sliding ball on disc wear test. 
 
The steady-state friction generated during the ball-on-disc wear test for 12Ni model 
alloy and AISI D2 tool steel in quench-tempered and 24 h DCT-tempered condition is 
displayed in Figure 6-23. In 12Ni alloy coefficient of friction increases with sliding 
speed in both conditions. However, in AISI D2 tool steel, the coefficient of friction 
generated decreases with increasing sliding speed. This is found to be consistent with 
the decrease in wear rate observed in Figure 6-22. Both these results will be discussed 
further in Section 6.4.2. 
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Figure 6-23: Coefficient of friction generated during ball-on-disc wear test of 12Ni 
model alloy and AISI D2 tool steel in quench-tempered and 24 h DCT-tempered. 
  
6.4 Discussion 
6.4.1 Abrasive wear behaviour  
Before discussing the material wear rate data from the scratch testing presented in 
Figure 6-15, it is worth extracting some more insights from the scratch profiles. The 
behaviour of a material that has been penetrated by a harder asperity and under a 
sliding motion can be generalised as ploughing, wedge formation and cutting. Here 
ploughing as characterised by the plastic flow of material to the periphery of the groove 
forming distinct ridges.  In contrast, a wear groove in the cutting mode has no ridges 
and material within the groove fractures by sub-surface shear and is removed from the 
contact. Wedging is a transitionary region between ploughing and cutting where 
material flows ahead of the sliding indenter. The degree of penetration in high-stress 
abrasive condition is determined mostly by the hardness of the material [312, 326]. 
However, the amount of material removing resulting from a sliding indentation is 
influenced by the tribological conditions, such as friction, and also by material 
properties, such as work hardening ability and ductility [311, 345-350]. 
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There have been some attempts in the literature to create a simple wear map for 
abrasive wear, which determines a critical value of a test parameter or material 
property where a transition in wear mode is observed. For example, numerous 
researchers have used pyramidal or conical (i.e. self-similar geometries) indenters of 
various angles and assessed the scratching behaviour of mainly soft metals [324, 351, 
352]. There have been reports of a critical attack angle where the wear mode transitions 
from ploughing to cutting [311, 338, 345, 353-355] and has been related to hardness, 
fracture toughness, shear strength and depth of groove [324, 351, 352, 355, 356]. 
 
In describing scratch behaviour Zum Gahr [311] proposed a dimensionless parameter 
called the degree of wear (f), which can be derived from analysis of scratch geometry.  
Specifically, the degree of wear (f) is defined as the ratio of the material removed as 
debris and the volume of the groove, expressed in Equation 6-3.  According to Zum 
Gahr [311] when the value of f is zero, the wear observed is purely ploughing with the 
all the material from the groove plastically displaced to the ridges on the sides of the 
scratch.  Conversely, when the value of f is 1, the wear is classified as pure cutting, 
representing the maximum material removal.  
𝑓𝑓 = 𝐴𝐴𝑎𝑎− (𝐴𝐴1+𝐴𝐴2)
𝐴𝐴𝑎𝑎
      Equation 6-3 
Some founding and well-cited work by Hokkirigawa and collaborators [312, 326] 
describe the results of scratch testing steels of numerous grades and hardness values 
using a spherical tip under many applied loads. These researchers examined the 
relationship between f-value and depth of penetration, and the behaviour was found to 
be material dependent. Here depth of penetration (Dp) is defined as; 
𝐷𝐷𝑒𝑒 =  𝑑𝑑𝑠𝑠       Equation 6-4 
where a is the radius of contact or half width of the groove and d is the depth of the 
groove according to Figure 6-4. 
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Generally, Hokkirigawa and collaborators [312, 326] found a distinct trend in the 
behaviour of the degree of wear and penetration depth.  At low loads the f-value was 
low, and as the load increased there existed a gradual transition region to higher f-
values, and finally plateauing at high loads; a fitted curve was generalised by an S-
shape. In the present work, the 2D optical profilometry scans have been analysed to 
determine f-values and plotted against normalised penetration depth for all alloys and 
thermal treatment variants tested by high-stress scratching. The motivation was to 
determine if the f-Dp relationships described by Hokkirgawa et al [312] holds for the 
materials tested and if this can provide any further insights into the effect of DCT on 
martensitic steels. Figure 6-24-27 show the f-Dp plots for all tested alloys in both the 
quenched-tempered and 24 h DCT-tempered Fe0.6C conditions. It can be seen that the 
generalised S-curve reported in is not especially strong, although for most alloys there 
is the indication of a transition from ploughing at low load to cutting at high load [312]. 
The trend lines provided are really only to assist in guiding the eye. Despite the high 
citation and useful description of wear transition with load described by Hokkirgawa 
et al [312], there has been little in the way of experimental verification.  The results in 
this present study fit more with recent work by Franco and Sinatora [357], which 
extensively reviews the concept of f-value and also performed scratch testing on 
annealed AISI 1070 and graphitic cast iron. These researchers found a generalised 
trend of increasing f-value with load, but not a well fitted S-curve seen by Hokkirgawa 
et al [312] 
 
Extracting discrete scratching behaviours between alloys and thermal treatments is 
difficult from this F-Dp study.  Most of the alloys showed an increase in f-value with 
applied load, suggesting that the wear behaviour is transitioning from ploughing to 
cutting with applied load (increased depth). The exceptions to this behaviour were the 
4Ni and 4Cr alloys, where a high f-value was quantified at all loads. This can be 
interpreted as cutting is the operating wear mode in this material, independent of 
load/penetration depth. It is tempting to ascribe a lack of ploughing behaviour to a lack 
of retained austenite in these materials. However, the austenite-free Fe0.6C binary 
alloy displayed a distinct ploughing-to-cutting transition. It may be that more 
information about the materials is required, such as fracture toughness to interpret the 
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results. The effects of DCT on the dominant wear mode operating with an applied load 
in high-stress abrasive scratching are not strong. Generally, a shift in the ploughing-
cutting transition to deeper penetrations implies improved abrasion resistance, as the 
material can sustain more intense abrasive penetration with less material removal 
(cutting) [311]. However, the data for quenched-tempered and 24 h DCT-tempered for 
most alloys are grouped in close proximity. There is an indication that materials with 
large quantities of retained austenite have a distinct scratch behaviour. For example, 
the quenched and tempered 12Ni (27% retained austenite) model alloy display a shift 
towards left after cryogenic treatment indicating an earlier transition from ploughing 
to cutting wear mode.  Similarly, inducing an 80% reduction in retained austenite in 
the 20Ni alloy by DCT resulted in a highly contrasting behaviour. The fully austenitic 
20Ni alloy in quenched-tempered condition exhibited an unusual behaviour where f-
value appeared to decrease with the load. That is, ploughing became more prevalent 
with increased penetration depth. Whereas, the same alloy after DCT displayed a more 
typical wear mode transition behaviour. It may be stated that unless there is a very 
large change in retained austenite content during DCT this technique of quantifying 
the degree of wear and plotting against applied load is overly effective in identifying 
changes in micro-mechanical behaviours during abrasive wear.  
 
 
Figure 6-24: Degree of wear as a function of normalised depth in the Fe0.6C alloy in 
quenched-tempered and 24 h DCT-tempered condition. 
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Figure 6-25: Degree of wear as a function of normalised depth in nickel-containing 
alloys comparing quenched-tempered and 24 h DCT-tempered condition in [a] 4Ni 
[b] 12Ni and [c] 20Ni model alloys.  
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Figure 6-26: Degree of wear as a function of normalised depth comparing quenched-
tempered and 24 h DCT-tempered condition in [a] 4Cr, [b] 11Cr and [c] AISI D2 
tool steel austenitised at 1020°C. 
 
Figure 6-27 demonstrates the effect of the amount of retained austenite transformed 
during DCT on the improvement of high-stress abrasion wear resistance. The figure 
shows that the improvement in specific wear rate between quenched-tempered and 24 
h DCT-tempered samples under 3 different applied loads (500, 1000 and 1600 N). 
Some data is missing either due to instrument limitation, for example, 20Ni at 1600 N, 
or due to smaller groove size, for example, 4Ni at 500 N. From the figure it is clear 
that the amount of transformed retained austenite plays a significant role in improving 
the wear behaviour in martensitic steels after DCT. This could be due to the formation 
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of a more deformation resistant phase (martensite). The improvement is more evident 
at a higher amount of transformation and at lower loads.  
 
 
Figure 6-27: Effect of retained austenite transformation during DCT on high abrasion 
wear resistance of nickel-containing model alloys (4Ni, 12Ni and 20Ni), chromium-
containing model alloy (4Cr and 11Cr) and AISI D2 tool steel austenitised at 1020°C 
when subjected to [a] 500 N, [b] 1000 N and [c] 1600 N load. 
 
To further understand the role of martensite/retained austenite and hardness on the 
wear behaviour, specific wear rate is plotted as a function of hardness and volume 
fraction of retained austenite for all model alloys and AISI D2 tool steel in both 
quenched-tempered and 24 h DCT-tempered condition, Figure 6-28. The hardness 
result is interesting as the wear rate is not linearly proportional to the hardness of the 
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material. It can be seen that the amount of retained austenite also plays a significant 
role in determining the optimal wear rate, for example, 20Ni does not have the highest 
hardness after DCT but its wear rate is very low. This aspect of wear behaviour is 
extensively studied in dual phase steel [358-361] where maximum wear resistance in 
an abrasion wear test is observed at an optimal amount of ferrite/austenite (soft phase) 
and martensite (hard phase). For example, Xu et al [358] studied abrasive wear 
behaviour using scratch test on a dual phase construction steel (hard martensite phase 
and soft ferrite phase). The scratch test was conducted in a multi-pass dual-indenter 
scratch tester under different loads (0.2, 5, 10, 15, 20 and 25N), different number of 
passes (1 and 10) and two indenters (tip radius of 5 µm and 100 µm). Xu et al [358] 
showed that based on the testing condition, wear behaviour can be dependent on the 
volume fraction of softer phase. Jha et al [360] studied abrasive wear behaviour of low 
alloyed steel in rubber wheel abrasion test using silica sand abrasive particles (212-
300 µm) by applying 4.9 kg load at 3.27 m/s sliding speed and a sliding distance of 
392 m. Jha et al [360] concluded that best wear resistance can be obtained in a 
microstructure with the optimum combination of ferrite (soft phase) and martensite 
(hard phase) as the soft phase can support the hard load bearing phase. 
 
 
Figure 6-28: Specific wear rate of model alloys and AISI D2 tool steel as a function 
of [a] hardness and [b] volume fraction of retained austenite for both quenched-
tempered and 24h DCT-tempered samples. 
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The Fe0.6C binary alloy, nickel-containing alloys and AISI D2 tool steel was chosen 
for low stress 2-body abrasion testing. Nickel-containing alloys, 4Ni, 12Ni and 20Ni 
were chosen to understand the role of retained austenite in enhancing low stress 
abrasion wear after DCT. Similarly, AISI D2 tool steel austenitised at 980°, 1020° and 
1080°C were chosen because they had a different amount of retained austenite in as-
quenched condition at room temperature. The results of the low stress 2-body abrasion 
testing were similar to the scratch testing. Improvement in wear resistance after DCT 
was observed only in 12Ni and 20Ni model alloy. No change in wear resistance was 
observed in Fe0.6C, 4Ni and AISI D2 tool steel austenitised at 980, 1020 and 1080°C. 
Therefore, it is clear that improvement after DCT in low stress abrasion wear test was 
observed in alloys where there was a significant transformation in retained austenite. 
 
The wear rate of AISI D2 samples remained the same in all four test loads irrespective 
of the cryogenic treatment. This result clearly indicates that at low stress abrasion, 
wear rate in AISI D2 tool is predominantly determined by the presence of primary and 
secondary carbides. This assumption is further justified by the fact that wear rate 
increases with the austenitising temperature irrespective of the cryogenic treatment. 
This increase is primarily due to the decrease in volume fraction of primary and 
secondary carbides. This decrease in volume fraction of eutectic carbide with increase 
austenitising temperature in AISI D2 tool steel was quantified using XRD in Chapter 
4. 
 
During DCT, some specimens in the present study showed the transformation from 
austenite to martensite as discussed in Section 4.4.1. Figure 6-29 shows the effect of a 
change in austenite volume fraction resulting from DCT on the low-stress abrasion 
pin-on-disc sliding wear test. The plot clearly shows that in model alloys the low stress 
wear resistance increases after DCT with the amount of transformed retained austenite.  
However, these effects are not evident in AISI D2 tool steel. This plot clearly shows 
the low stress abrasion is significantly influenced by the amount of transformed 
retained austenite during DCT in model alloys. Unlike the performed high-stress 
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scratch test, low stress abrasion shows a linear relationship with a hardness of the 
material. 
 
 
Figure 6-29: Effect of retained austenite transformation during DCT on low abrasion 
wear test. 
 
 
Figure 6-30: Effect of hardness change after DCT on low abrasion wear test. 
 
Interestingly, the amount of wear loss on AISI D2 tool steel (austenitised at 980, 1020 
and 1080°C) during the low stress abrasion wear test was higher than the model alloys 
(Fe0.6C, 4Ni, 12Ni and 20Ni). Zum Ghar  have shown that during an abrasive wear 
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test variation in test parameter, such as load, type of abrasive can lead to a variation in 
wear rate in an martensitic steel due to work hardening or by austenite to martensite 
transformation. Figure 6-31 displays the microhardness measurement on the cross-
section of pin samples used in low stress abrasion wear. Work hardening is observed 
in all model alloy sample irrespective of the cryogenic treatment. This increased work 
hardening observed in Fe0.6C binary alloy and 20Ni model alloy could be a 
contributing factor to the improved wear resistance observed in model alloys relative 
to the AISI D2 tool steel in the conditions of low stress abrasion testing of this study. 
 
Figure 6-31: Microhardness measurement on the cross-section of pin samples used in 
low stress abrasion wear [a] Fe0.6C, [b] 20Ni and [c] AISI D2 – austenitised at 
1020°C for both quenched-tempered and 24 h DCT-tempered. 
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Figure 6-32 shows the cross-section SEM micrograph of the wear scar of Fe0.6C and 
20Ni model alloy and AISI D2 tool steel austenitised at 1020°C in both quenched-
tempered and 24 h DCT tempered condition. The micrographs display the presence of 
different sized eutectic carbides in AISI D2 tool steel microstructure in both quenched-
tempered and 24 h DCT-tempered. Figure 6-33 shows the near-surface region at higher 
magnification of the cross-section of AISI D2 sample where fractured eutectic carbides 
are observed near the surface.  
 
.  
Figure 6-32: SEM micrograph showing the cross-section of pin sample used in low 
stress abrasion wear test. Pin samples made of Fe0.6C and 20Ni model alloy and 
AISI D2 tool steel austenitised at 1020°C in both quenched-tempered and 24 h DCT 
tempered condition. The test was conducted at 20 N load for a sliding distance of 100 
m at 150 mm/sec. 
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a  
Figure 6-33: SEM micrograph showing the cross-section of AISI D2 tool steel pin 
sample used in low stress abrasion wear test at high magnification to show the 
carbide pull out. The test was conducted at 20 N load for a sliding distance of 100 m 
at 150 mm/sec. 
 
Surprising there is little prior published work specifically on the abrasive wear of AISI 
D2 tool steel. Singh et al [362] have performed the most comprehensive work and that 
tested AISI D2 tool steel in numerous heat treatment conditions in a pin-on-plate 
abrasive wear test under loads of 10, 20, 30 and 40N at a sliding speed of 0.8 m/s and 
50 rpm.  These researchers [362] have reported that abrasive wear resistance in 
tempered AISI D2 tool steel is influenced by the morphology of the carbides (wear 
rate was higher in carbides with finer morphology), nature of matrix (wear rate 
decrease with increased bulk hardness), abrasive particle size (1.6 times increase in 
wear for a change in abrasive particle size from ~52 µm to ~122 µm) and mechanism 
of material removal . Singh et al [362] also observed that large-scale chipping and 
fracture of carbides are the important mechanisms of material removal. The above 
work can be used to explain increase wear rate in AISI D2 tool steel. Perhaps in the 
abrasive test conditions of this current study, the eutectic carbides near the surface of 
AISI D2 tool steel were removed from the contact system by fracturing or pull-out.  
This would result in large carbide removal and a related significant volume of the 
material loss and the introduction of an addition “third body” to the leading to a more 
severe wear condition. To assess if carbides can be removed from AISI D2 tool steel 
during low stress abrasion wear test, it is necessary to understand the abrasive particle 
size.  The wear test was conducted in a pin-on-disk setup, where the sample (pin) slides 
over a 600-grit SiC abrasive paper (disk). The average particle diameter of abrading 
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materials embedded in a 600-grit SiC abrasive paper is 24.8-26.8 µm [363]. 
Additionally, the nature of the SiC abrasive is very angular, mean that the actual 
bearing contact would be much smaller. AISI D2 tool steel contains a number of 
eutectic carbides on the surface as seen in Figure 6-32 and Figure 6-33 and these may 
be fractured and pulled out by these abrasive particles during the test as reported by 
Singh et al [362].  
 
There are only a few articles that have assessed abrasive wear behaviour of deep 
cryogenically treated martensitic steels to allow comparison with the present work. 
Barron [87] has carried out some of the first work on abrasive wear of cryogenically 
treated steels. Barron [87] has conducted pin-on-wheel high stress abrasive wear test 
on tool steels (AISI D2, M1-2, A1-10, S7, O1, H13, P20), stainless steel (austenitic 
and martensitic), high carbon and low carbon steels. In the test fixture, the sample is 
pressed against a rotating alumina grinding wheel. The test was conducted with 430 N 
normal force on the sample and the alumina grinding wheel rotating at 480 mm s−1. 
Barron [87] concluded in the article that steels that experienced a greater fraction of 
austenite transformation resulting from DCT produced low wear rate. Barron [87] has 
used a load of 430N and 0.48 m/s sliding speed. Barron [87] has reported 87% 
reduction in wear rate with no change in hardness for deep cryogenically treated AISI 
D2 tool steel. But as there is no mention of hardening and tempering parameter the 
above result cannot be compared with this work. Da Silva et al [128] have conducted 
pin-on-disc abrasive wear test using 600-grit and 80-grit abrasive paper on 
cryogenically treated AISI M2 tool steel austenitised at 1250°C and triple tempered at 
560°C. The test was conducted under 10 N applied load, 110 mm/s sliding speed for a 
distance of 3220 mm. Da Silva et al [128] observed no change in wear rate due to 
DCT. This result cannot be compared to this work as it was tempered at high 
temperature. High temperature tempering in alloy steel will result in precipitation of 
fine alloys carbides and decomposition of retained austenite, in both quenched-
tempered and cryogenically-tempered samples. Finely dispersed alloy carbide can 
significantly affect abrasive wear behaviour and it could be the reason why no change 
in wear rate was observed after DCT in AISI M2 tool steel tempered at high 
temperature. Similarly, Oppenkowski et al [136] have conducted a pin-on-disc test 
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using a 220-grit abrasive paper in powder metallurgically produced AISI D2 tool steel 
austenitised at 1080°C and tempered at 200°C. The test was conducted at a surface 
pressure of 1.3 MPa at 4.8 mm/s sliding speed. Oppenkowski et al [136] have reported 
15% reduction in wear rate after DCT in sample soaked at −196°C for 36 hours but 
reported no change in sample soaked at −196°C for 24 hours but no meaningful 
insights into abrasive wear behaviour was provided, such as mode of wear and amount 
of retained austenite.  
 
The single scratch high stress abrasion and low stress 2-body abrasion tests used in 
this study have been useful in providing some insights into abrasive wear behaviour 
of quenched-tempered and 24 h DCT-tempered martensite, in particular, the effects of 
austenite transformation after DCT. However, there is some limitation in the testing 
available to this study. A single scratch is effective in studying material micro-
mechanical response to a sliding indenter, however wear is a combination of many 
sequential abrasive events, with prior previous a pin-on-disc setup with single track 
scratching is good for understanding and studying material behaviour but not a reliable 
technique to study low stress abrasion as adhesion of wear debris during the test could 
change the contact condition. Further work that appears absent from the literature 
could be conducted on standardised continuous flow abrasive tests, such as ASTM 
G65 and ASTM B611, which test the low and high stress abrasion resistance of 
materials.  This recommendation is outlined further in Chapter 7. 
 
6.4.2 Sliding wear behaviour  
Before discussing the sliding wear results in the present work, it is useful to reflect on 
the numerous sliding wear studies performed previously on deep cryogenically treated 
martensitic steels.  This seems to have not been conducted previously, with no review 
papers located in the literature. Only Das et al [124] approaches the concept, motivated 
by inconsistent reports of wear improvement from DCT in the field.  However, that 
review was very limited and not overly critical, consisting of only 5 studies of sliding 
wear and 2 studies of abrasive wear. The paper consisted more of the researchers own 
findings and repeated testing to confirm their results. There appears no attempt to fully 
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map the research on the wear of martensitic steel and the effect of DCT, and so this is 
performed here to help understand the results of the present work and the field 
generally.   
 
To begin it is valuable to revisit the classic Lim and Ashby wear maps for steel sliding 
contacts [364]. This map was rigorously developed in the 1980-90s and has been and 
remains extremely useful. To construct this map Lim and Ashby collated data from 
the available literature (>50 separate studies) on the sliding wear of steel contacts. 
Conveniently the studies spanned a wide range of speed and load contact conditions, 
and most reported the type of wear operating. As the data included steel grades from 
mild steel to tool steels, with a wide range of hardness values, the authors normalised 
the pressure by hardness to create a dimensionless parameter. Similarly, to account for 
differing thermal properties the speed was normalised by thermal diffusivity to create 
another dimensionless number. By plotting these dimensionless parameters of pressure 
against speed and noting the common wear modes operating under similar conditions, 
this empirical map was created (recreated in Figure 6-34 from [365, 366] for image 
quality). The map indicates the pressure-speed region of the main modes of wear; 
plasticity dominated delamination wear, mild oxidative wear, severe oxidative wear, 
seizure and melt wear. The shaded areas indicate regions of transition from mild-to-
severe delamination wear and mild-to-severe oxidative wear. The map also contains 
iso-wear lines.  It is seen that the transition from mild to severe delamination wear 
involves an increase in wear rate, whereas the transition in oxidative wear results in a 
decrease in wear rate.  
 
Later versions of the Lim and Ashby wear maps [365, 366] departed from normalised 
pressure and speed, and this map, which contains contact bearing pressure and relative 
sliding speed, has been adopted in the present study. Since published this map has been 
used extensively to understand wear of steel, and the wear behaviours generally found 
to be in agreement.  In the present study, this sliding wear map from Lim and Ashby 
has been reconstructed and all found studies on the sliding wear behaviour of 
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martensitic steels that include the effects of cryogenic treatment are plotted (see Figure 
6-35).   
 
Figure 6-34: The classic wear mechanism map developed by Lim and Ashby [364] 
for steel-steel sliding contact in a pin-on-disc configuration that indicates the 
dominant wear modes operating under defined conditions of speed and load.  Shaded 
areas indicate the region of wear mode transitions from mild to severe.  Iso-wear 
contour lines are also plotted.   
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Figure 6-35: Adapted Lim and Ashby [365, 366] wear mechanism map for sliding 
speed (m/s) and bearing pressure (MPa).  The map includes all data extracted from 
the literature on deep cryogenically treated martensitic steels, showing the conditions 
of testing and also in the inset table changes in retained austenite fraction, hardness, 
wear rates and critical pressure (Pc) or speed (Sc) where a transition in wear mode 
was identified.  
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In Figure 6-35, actual, rather than normalised pressures and speeds, were used as all 
materials have very similar hardness and thermal properties. To do this wear 
conditions of load and contact geometry where converted to bearing pressure. It should 
be noted that geometries of all type were included; pin-on-disc, block-on-wheel, and 
disc-on-disc. Pressures for curved-flat contacting surfaces, such as ball and cylinders 
on plates, were calculated using Hertzian contact equations and appropriate Poisson’s 
ratios and Young’s moduli.  Further, sliding was conducted either on a continuous 
track, continually refreshing track, or high frequency reciprocating over a short linear 
distance, and in some cases, the contact departed from steel-on-steel. In using these 
studies, it is acknowledged that there is some departure in contact conditions and tribo-
chemistry from the original wear map for pin-on-disc steel-steel sliding.  All data 
extracted from the literature is summarised in Appendix A. This is a very convenient 
way to compare the previous studies and to initiate discussion.  
 
It is seen that a large majority of the wear studies on DCT treated martensitic steels 
occurred in a relatively narrow parameter window (0.2-4 m/s, 1-11 MPa), within or 
around the mild-to-severe oxidative wear transition region. It is difficult to establish if 
this was by coincidence or design, as most studies do not state the reasoning for testing 
under these conditions. It may be that physical limitations of test equipment, such as 
experienced in this present study, led to this concentrated test region. Iso-wear profiles 
from the Lim and Ashby map seem to match the order of magnitude of contact area-
normalised wear calculated, where possible, from the data provided in the papers. This 
tends to indicate the wear map is a good fit for interpreting the wear studies. 
 
A further indication that the wear map is an appropriate way to compare the wear data 
on quenched-tempered and DCT-tempered martensite is the reported wear behaviour. 
Inset on the wear map is a table that summarises the change in hardness, change in 
retained austenite volume fraction, and change in wear rate as a result of DCT (all data 
is also contained in Appendix A).  It also indicates a critical pressure (Pc) or critical 
speed (Sc) where a transition in wear behaviour and the rate was reported. A transition 
was only reported in three studies [Das et al [99, 102, 104, 123, 124], Bensley et al 
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[122], Meng et al [22, 160]], however these fall within the mild-to-severe wear 
transition zone.  Under the conditions that have been tested in the literature there is a 
clear region, indicated by a yellow box in Figure 6-35, where quenched-tempered 
steels exhibit a rapid increase in wear rate with increasing speed or load, and DCT-
tempered exhibit a delay in transition behaviour. 
 
For example, Meng [22] has performed self-mated unlubricated block-on-wheel 
sliding wear on AISI D2 in both quench and tempered (180°C) and DCT (-180°C, 
180°C) conditions. They found that wear rate varied with sliding speed, with a clear 
transition from low-to-severe wear rate occurring at ~2.5 m/s for the quenched-
tempered AISI D2. The DCT-tempered AISI D2 showed only slight increase in wear 
rate with speed over the tested range (0.5-3.6 m/s).  Bensely et al [122] studied the 
pin-on-disc sliding wear behaviour of quenched-tempered and DCT-tempered 
carburised EN31 steel at quite a low bearing pressure (1 MPa).  Testing over a range 
of sliding speeds (1.94-4.44 m/s) they reported a transition is wear rate above 2.5 m/s.  
In number, Das and collaborators have performed the most extensive studies in the 
field [97, 99, 102-108, 123, 124, 132, 172-175].  These have been all performed on 
AISI D2 tool steel in quenched-tempered condition and with various cryogenic 
treatments, and all performed in a narrow range of sliding speeds (1-2 m/s) and a wide 
range of bearing pressures (0.8-11 MPa).  Consistently through these numerous 
publications, Das has reported a significant (90%) reduction in wear rate in a narrow 
bearing pressure range of 3-5 MPa.  Outside of this pressure range, the wear rates of 
quenched- tempered and DCT AISI D2 are similar. 
 
Other researchers have also performed tests with this pressure-speed window.  Some 
were pin-on-disc studies performed with a narrow parameter range on AISI M2 [125] 
and AISI D3 [127] that showed improvement in wear rate without a transition as a 
result of deep cryogenic treatment.  Also, there were studies involving broad 
parameters within this range on AISI M2 and AISI D3 [139] and EN31 [126] with 
improvement in wear, but not necessarily a strong transition of wear modes. Whereas 
other studies conducted outside this range on AISI M2 [121], carburised 20MnCr5 
   
224 
 
[291] and a MnSiCr bainite/martensite steel [12] showed very little or even worse wear 
performance resulting from DCT. Interpreting the available data from the literature it 
may be concluded that there is a defined region of sliding contact pressure and speed 
where DCT appears to reduce the wear rate.  
 
The conditions of pressure and speed tested in the present study are shown as a green 
shaded region in Figure 6-35.  The plotted speeds were as tested; however, the bearing 
pressures have been estimated by Hertzian contact equations for a ball on a flat plate 
(alumina ball: Young’s modulus, 300 GPa, Poisson’s ratio, 0.2; Martensitic steel plate: 
Young’s modulus, 200 GPa, Poisson’s ratio, 0.3). Clearly, the initial bearing pressure 
is very high at the applied load (15 N) owing to the very small contact area.  During 
the test, the contact area continuously increases and the lower pressure range indicated 
in Figure 6-35 has been estimated from the averaged 2D wear scar optical profiles. 
This same bearing pressure range estimation was also performed for other ball-on-disc 
studies on DCT martensite (AISI A2, AISI D6, AISI M2, and P/M tool steel) in the 
literature and plotted as a pressure range in Figure 6-35  [143, 150, 292]. 
 
In regard to prior DCT studies on martensitic steels, the pressure-speed region 
examined in this present study has been largely unexplored, and according to the Lim 
and Ashby wear maps appears in a complex area where numerous wear modes may be 
expected, with the possibility of a transition from delamination to mild or severe 
oxidative wear.  To explore the type of wear operating and explain the wear rate 
behaviour, SEM images have been produced on the surface of the wear scars, Figure 
6-36. For the 12Ni alloy, the wear appears to be plasticity dominated in both the 
quenched-tempered and 24 h DCT-tempered variants with grooving and only minor 
indication of oxidation. Across the speeds tested (0.1-0.5 m/s) the 12Ni alloy appears 
to be operating in the delamination and mild oxidative mode.  Although the wear mode 
in quenched-tempered 12Ni martensite and 24 h DCT-tempered martensite are similar, 
clearly the wear was reduced (~12-15% at 0.5 m/s).  This would seem simply the result 
of an increase in hardness resulting from a 21% decrease in retained austenite content 
in the 24 h DCT-tempered martensite. It is worth mentioning at this point that Lim and 
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Ashby created a temperature profile map correlating to their wear map.  They have 
derived from first principles and collating experimental data, where available, an 
estimated local (flash) temperature and a bulk temperature. From [366] it can be 
estimated that the flash and bulk temperature of the surface under the conditions tested 
in this work are 200-300°C.  Therefore, mild oxidation and potentially thermal 
softening may be expected and fits with the plasticity and mild oxidation seen.   
 
 
Figure 6-36: SEM image comparing the wear scar of 12Ni model alloy and AISI D2 
tool steel austenitised at 1020°C in quenched-tempered and 24 h DCT-tempered 
condition at 500mm/s sliding speed and 100mm/s sliding speed. 
 
The wear morphology of AISI D2 both quenched- tempered and 24 h DCT-tempered 
appeared to be oxidative across all speeds, however, the oxide layer increased in 
coverage with increasing speed, Figure 6-36.  Further, there was continuous red oxide 
debris indicating oxidative wear is operating, and that the load is sufficient to rupture 
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the oxide.  It is apparent the conditions are sufficient to rapidly reform the iron oxide 
layer.  The surfaces are consistent with mild oxidative wear operating. It is not 
uncommon for wear rates to decrease with increased oxide layer formation as sliding 
speeds increase, as shown in Figure 6-22. There are other studies of sliding wear of 
quenched and tempered AISI D2 or other similar tool steels [22, 122, 160], that have 
shown a stable or decreasing wear rate at low speeds (0.1-1 m/s) prior to a rapid 
increase in wear rate at high speeds. Generally, in this mild wear mode, the oxide layer 
isolates the underlying metal from the wear contact, which reduces wear.  
 
It is curious why the 12Ni behaved differently to the AISI D2 in the tested condition, 
exhibiting an increasing wear rate with speed.  This may be related to the alloy 
composition. Wei et al [367] performed dry sliding pin-on-disc wear tests on various 
quenched and tempered steels, such as AISI H13 and AISI D2, with varying chromium 
content (0.2-13 wt.%).  The test parameters were within the mild-to-severe oxidative 
transition zone in Figure 6-35 and were conducted at 25–400°C. It was found that at a 
higher test temperature the greater the chromium alloy content the thicker and more 
adhered that tribo-oxide film, which improved the wear rate. It is possible that in the 
present study the chromium-bearing AISI D2 favoured oxide friction film stability 
over the 12Ni alloy.  
 
There are limited prior studies of sliding wear performed on deep cryogenically treated 
martensite in the same pressure-speed regime of the present study, which make a 
comparison of behaviour difficult.  Podgornik et al [143] performed unlubricated 
reciprocating ball-on-disc (32 mm diameter WC ball) on powder metallurgy cold work 
tool steel in quenched and tempered (500-585°C temper) and DCT (-196°C, 500-
585°C temper) conditions. In terms of sliding parameters this study resides close to 
the present study (see Figure 6-35). They reported no change in retained austenite or 
hardness in their materials resulting from DCT, possibly due to the high tempering 
temperature. Further, these researchers reported no increase in wear resistance 
resulting from DCT or did they explore the wear mode in any great detail. Yan [90] 
conducted dry block-on-wheel sliding wear on quenched and tempered (560°C) and 
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DCT (-196°C, 560°C) AISI W9 tool steel.  This study was performed close to the 
extremes of the conditions tested in the study (see Figure 6-35). Unfortunately, these 
researchers did not measure retained austenite fraction changes, however a hardness 
increase ~30 Hv was determined after DCT. They reported a reduction in wear rate 
(~50%) in the DCT AISI W9 and suggested this was due to a higher volume fraction 
of small secondary carbides occurred after DCT, relative to conventionally quenched 
and tempered. However, no mechanism for the formation of a higher number density 
of alloy carbides was offered.  Apart from a differing material (AISI D2, compared 
with AISI W9), the main difference between the present study and the by Yan [90] 
was the tempering temperature.  The higher tempering temperature performed by [90] 
would have resulted in secondary hardening by fine alloy carbides, perhaps accounting 
for the differing wear results in this region of the wear map.    
 
Other studies in the high pressure-slow speed region of the wear map [150, 292] 
applying a ball-on-plate configuration have shown modest wear rate reduction (10%) 
in DCT tool steels. The paper by Thornton can be dismissed as these researchers 
confusingly performed DCT on annealed tool steels, rather than on quenched and 
tempered steel. Leskovsek [292] quantified retained austenite volume fraction and 
showed a considerable change (25%) resulting from DCT, and an associated change 
in hardness (110 Hv) and wear rate.  It would seem that in the sliding wear regime 
examined in the present study a large change in retained austenite content through 
DCT is effective in reducing the wear rate. It may be worth extending the study in this 
pressure-speed region assessing the wear rate of AISI D2 having various retained 
austenite volume fractions, or even secondary hardened, to further determine the 
effects of DCT. Although this region of the wear map has not been extensively 
explored in the literature on DCT, there are some applications, such as cold stamping 
of high strength steels, where these conditions of speed and pressure are commonly 
developed in cold work tool steels [368] 
 
Focussing back on previous studies of cryogenically treated martensite that exhibited 
a wear transition, these studies have not gone into great depth in understanding the 
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reasoning for the transition. Further, some are missing key information and material 
properties, such as the transformation of retained austenite and hardness, to assist in 
clarify the situation.  Meng [22]  studied the sliding wear effects of DCT on AISI D2, 
however, have not reported hardness in their work, but have determined a 5 volume 
percent reduction in retained austenite.  The wear rate reduction (5-85%, increasing 
with speed) produced by DCT was attributed to the precipitation of η-carbides and the 
conversion of retained austenite.  Bensley [122] have attributed a 20-60% wear 
improvement in DCT carburised EN31 to the transformation of retained austenite to 
martensite and induced precipitation and finer distribution of carbides. However, 
neither retained austenite or precipitates were overserved or quantified. Also, Gill 
[125] has observed a 40-50% reduction in wear rate, a 9% reduction in retained 
austenite, and a 190 Hv increase in hardness after DCT of AISI M2, relative the 
quenched and tempered. They have mainly attributed the wear improvement to 
retained austenite transformation. However, this study was conducted on 
commercially produced drill tools, with an unknown hardening and tempering cycle, 
so there is some uncertainty in their results.   
 
Conversely, some studies within the identified transition zone have shown no 
improvement in wear. Meng and collaborators [22] have performed sliding wear in 
similar tribological contact conditions as outlined above [22] on quench and tempered 
(200°C) and 24 h DCT-tempered  (-180°C, 200°C) bearing steel AISI 52100. Here 
only a 2% reduction in retained austenite was quantified and a more modest 
improvement in wear rate measured (5-20%). Also, Ghosh [293] has shown that AISI 
8620 case hardening steel hardened and tempered with and without an intermediate 
DCT step when subjected to sliding wear in the identified transition window that there 
was no effect of DCT on wear rate.  In that study, DCT induced no change in hardness 
and only a decrease in retained austenite from 0.8 to 0.3 volume %.  It may be that the 
conversion of retained austenite is a strong contributing factor to the effects of DCT in 
delaying the transition of mild to severe wear conditions in this particular range of 
pressures and speeds.      
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There are some studies in the literature [369-374] on wear transition regions in steel 
sliding that may be useful in understanding wear transitions in cryogenically treated 
steels. In some of these studies, such as by Rajnesh [369], the dry sliding behaviour of 
self-mated plain carbon dual phase steel exhibited mild oxidative wear, however at 
higher load subsurface cracking was seen at a transition region, causing evidence of 
delamination wear. These researchers did not propose a mechanism for this transition. 
Wang, Zhang and co-workers [370, 371] have performed comprehensive sliding wear 
studies specifically involving the transition in mild-to-severe oxidative wear in sliding 
steels, and have offered some mechanistic insights. These researchers have performed 
heated (RT to 400°C) dry sliding self-mated pin-on-disc studies of various quenched 
and tempered hot and cold work tools steels. Converting the test parameters from the 
paper to bearing pressure and linear speed (1 m/s, 1-6 MPa), positions this wear study 
in the same transition zone as those for DCT martensite. 
 
Wang, Zhang et al [370, 371] have suggested that there exists a transition in the middle 
to the upper region (high bearing pressure) the mild oxidative zone in the Lim and 
Ashby wear maps, with plasticity dominated wear emerging at high loads. These 
researchers suggest the transition from elasticity-dominant wear (oxide-dominant) to 
plasticity-dominant wear (plastic extrusion) occurred when frictional heat from sliding 
under high load causes a thermal softening of the immediate sub-surface.  At low loads 
the sub-surface deformation is light and the oxide remains intact, so wear rate is low. 
As the pressure increases the sub-surface softens and the surface plastically deforms 
(extrudes), cracking the oxide layer and causing delamination by sub-surface cracking 
parallel to the sliding direction. Within the steels tested by [370, 371] those with higher 
resistance to softening exhibited the lowest wear rates, and this was also found by 
Wang [372] on AISI 52100 heat treated to produce differing microstructures. It may 
be anticipated that increasing speed might have a similar, but lesser effect. Although 
these tests were actively heated, and hence flash and bulk temperatures would be 
higher than ambient testing, the insight provided here may be useful in interpreting the 
wear behaviour of cryogenically treated martensite in the mild-to-severe oxidative 
transition zone.  
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In regards to wear transition studies on cryogenically treated martensitic steels, Das 
and Dutta [97] have provided the most detailed studies.  They have examined the wear 
scar surfaces and cross-sections of both quenched and tempered and DCT AISI D2 
after sliding in the wear transition region (2 m/s, 3-5 MPa). It is quite clear in these 
micrographs [97] that the conventionally heat treated AISI D2 suffers from sub-surface 
cracking, that is absent in the DCT AISI D2. The sub-surface cracking in the 
conventionally quenched and tempered martensite causes metallic delamination wear, 
while the DCT martensite experiences mild oxidative wear. Although Das considers 
sub-surface deformation, the effect or magnitude of thermal softening was not 
discussed.  Under the conditions of testing by Das where the wear transition is 
experienced the estimated [366] flash temperatures would high, in the region of 500-
600°C. It is possible that the sub-surface temperature is sufficient to cause significant 
softening in the quenched and tempered ASIS D2 containing 10 % retained austenite. 
Whereas the fully martensitic DCT AISI D2 will have higher resistance to softening, 
and therefore provide a support for the tribo-film and have subsequently much lower 
wear rate.  In conditions of pressure/speed lower than the transition region the 
frictional heating would be less, and hence the thermal softening effect of the substrate 
is reduced.  Here, the slight hardness increase produced by DCT may account for the 
marginal decrease in wear rate in this region.  Conversely, at pressures/speeds higher 
than the transition region the frictional heating may be sufficient to either equally 
soften the sub-surface or convert the retained austenite in the conventionally quenched 
and tempered steel into martensite by rapid cooling from high temperature.  This may 
account for the near equivalent wear rates of AISI D2 with and without a DCT 
intermediate step at high pressures. Although not discounting the effects of carbides 
resulting from DCT, it may be that the prominent effect of DCT is the elimination of 
the thermally softening retained austenite phase,  
 
For a research group with the testing capabilities, an interesting extension of the work 
in this thesis would be to perform testing in this identified transition region (1-2 m/s, 
3-5 MPa) on model alloys with varying amounts of retained austenite in both quenched 
and tempered and 24 h DCT-tempered.  This would provide a relationship between the 
quantities of retained austenite on the wear transitions.  This appears unreported and 
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would provide a deeper understanding of the effects of DCT on sliding wear. This new 
research is detailed further in the future work section in Chapter 7.   
 
6.5 Conclusions  
The main objective of this chapter was to correlate the understanding of the 
microstructural evolution of deep cryogenically treated martensitic steels on its wear 
behaviour. Most of the literature on DCT is in sliding wear and to the author's 
knowledge, there is no article which systematically studies the wear behaviour of deep 
cryogenically treated steels in relation to aspects, such as the amount of transformed 
retained austenite during DCT and different wear conditions (low stress, high stress 
and sliding). Carefully chosen alloys were tested to understand wear behaviour in three 
different conditions and the following conclusions were made: 
 
1. Increase in wear resistance observed during high stress abrasion wear test due 
to cryogenic treatment was primarily due to the increase in hardness of the 
sample as the soft retained austenite phase is transformed to a hard martensite 
phase. For example, 20Ni model alloy showed a significant difference in wear 
resistance in both high stress and low stress abrasion wear test after cryogenic 
treatment. However, the amount of soft retained austenite was also a factor 
affecting wear resistance.   
 
 
2. Low stress abrasion in model alloys was affected by the hardness and volume 
fraction of retained austenite transformed during DCT but low stress abrasion 
in AISI D2 tool was influenced significantly by the presence of eutectic 
carbides. 
 
3. AISI D2 tool steel showed inferior wear behaviour than model alloys during 
low stress abrasion wear test most likely due to the presence of eutectic 
carbides. During the test carbides were removed from the surface leading to (i) 
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material loss and (ii) the removed carbides adhere to the wear track, changing 
the contact condition and thereby more wear. 
 
 
4. Sliding wear tests were performed on deep cryogenically treated AISI D2 tool 
steel in a region of the Lim Ashby wear map not extensively explored in the 
literature. The wear rate of AISI D2 tool steel in sliding wear test decrease with 
increasing sliding speed whereas the 12Ni model demonstrated increased wear 
rate with increasing sliding speed. It is possible that in the present study the 
chromium-bearing AISI D2 favoured oxide friction film stability over the 12Ni 
alloy. 
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CHAPTER – 7 
CONCLUSIONS AND 
RECOMMENDATION FOR FUTURE 
WORK 
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7 Conclusions and recommendation for future work 
The motivation of this work was to contribute new knowledge in the field of deep 
cryogenic treatment of martensitic steels. Specifically, to understand the role of 
retained austenite during cooling to cryogenic temperature, is the increased dislocation 
density during DCT related to the amount of transformation in retained austenite and 
what is the role of increased dislocation density during tempering of deep 
cryogenically treated martensitic steels. Another motivation was to understand the 
nature (chemistry and size) and distribution of precipitates formed at low tempering 
temperatures (200°C), noting there was a suggestion in the literature of precipitation 
of both alloy carbides and eta carbides. Finally, to understand the effects of cryogenic 
treatment on the abrasive wear behaviour of deep cryogenically treated martensitic 
steels as the literature on abrasive wear behaviour was very limited. 
 
An experimental approach was constructed exploring chemically simple model alloys 
and AISI D2 tool steel. The model alloys were designed to have a varying fraction of 
retained austenite, by the addition of nickel and chromium. Similarly, the AISI D2 tool 
steel was thermally treated at various austenitising temperatures to induce differing 
amounts of retained austenite. This alloy and heat treatment design approach is distinct 
from the field where cryogenic treatment studies have been performed on commercial 
alloys (mainly tool steels) and with single austenitising temperatures. Characterisation 
techniques not previously performed in cryogenically treated martensite were 
performed here. APT was applied to understand the solute (carbon, chromium, nickel) 
distribution during deep cryogenic treatment and the chemical composition of 
precipitates. SANS was utilised to comprehend the effect of deep cryogenic treatment 
on the size distribution of particles precipitated during tempering of martensitic steels. 
Finally, low and high stress abrasion and sliding wear tests were performed on alloys 
with varying quantities of retained austenite.  
 
The first study in the work focussed on the microstructural and property changes that 
result from the deep cryogenic treatment of martensitic steels. To quantify the changes 
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due to DCT, the volume fraction of retained austenite, dislocation density and residual 
stress of martensite, hardness and solute segregation were measured before and after 
DCT.   The dislocation densities were quantified by XRD and found that it increased 
after DCT in all alloys tested. Further, this increase in dislocation density was 
proportional to the increase in the transformation of retained austenite during DCT. 
This may be reasonable given that it is quite well established that the volumetric 
change that accompanies transformation of retained austenite to martensite during 
DCT generates localised plastic strain. The most surprising result was the increased 
dislocation density in deep cryogenically treated fully martensitic Fe0.6C binary alloy. 
The result was repeatable and seems this increase is likely. It is possible that the 
dislocations density increases as the soft regions within the martensite are deformed 
due to the thermal strain generated during contraction to cryogenic temperature. 
Increase in hardness was also observed in all alloys after DCT. This increase was 
related to the transformation of soft retained austenite to hard martensite and the 
increase in dislocation density. 
 
Retained austenite was converted to new martensite during DCT and the degree of 
transformation was related to the degree of undercooling below Ms temperature. 
However, the full transformation was not achieved most likely due to the carbon 
enrichment and induced compressive stress in untransformed austenite. The 
martensitic transformation of the retained austenite can also be suppressed by the 
increased strength of martensite surrounding the austenite which would need to be 
deformed in order to accommodate the volume expansion caused by the transformation 
and also due to the increased defects in untransformed austenite inhibiting glissle 
interface.  
 
APT studies on Fe0.6C binary alloy and 11Cr model alloy demonstrated no change in 
carbon segregation due to DCT. Further validation was obtained when SANS signal 
from both as-quenched and 24 h DCT Fe0.6C binary alloy was identical, However, in 
APT reconstruction heterogeneous carbon segregation in quenched martensite was 
observed. This was consistent with the observation reported in other articles for as-
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quenched martensite [33-35]. This heterogeneity in martensite affects the local 
mechanical response, such as hardness and yield strength [30, 38] which could 
possibly be the reason for the increase in dislocation density observed in the fully 
martensitic alloy as discussed in the above paragraph. 
 
This is the first comprehensive assessment of dislocation densities in deep 
cryogenically treated martensitic steels. Further work is required to understand the 
dislocation density increase in a fully martensitic steel. This should be correlating to 
other techniques, such as physical TEM quantification techniques [49] or perhaps 
internal friction [109].  Another extension may be quantifying the surface relief after 
DCT using atomic force microscopy (AFM) or optical profilometer of a highly 
polished (nm-scale roughness using PIPS or electropolishing) Fe0.6C steel. This study 
may prove the existence of localised deformation within a martensite, in regions with 
low carbon content (soft regions), during DCT causing increased dislocation density 
in the martensite. The nature of surface relief can indicate if the deformation is 
localised. This could be coupled to nano-indentation mapping to observe any discrete 
changes in hardness relating to inhomogeneous carbon distribution in as-quenched 
martensite.  
 
In the literature, there are many reports on enhanced precipitation of nano-scale eta 
carbides and micron scale alloy carbides.  Most precipitation studies have been by 
direct observation (TEM) [22, 120, 164, 375, 376] or indirect such as internal friction 
[109] or dilatometry (DIL)/differential scanning calorimetry (DSC) [271].  In this 
present study, SANS and APT were used to understand the size, nature and distribution 
of carbides precipitated during tempering of deep cryogenically treated steels. There 
were considerable challenges in fitting the SANS plots, however, ultimately the 
analysis proved useful. It was seen that there is an increase in volume fraction of small 
particles of size 100Å in all model alloys.  Correlating to the APT allowed 
identification of these particles as iron carbide having a composition close to Fe3C. 
This is the first study to provide quantification of these very fine precipitates, which 
confirms the finding in the literature of enhanced precipitation of nano-scale iron 
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carbides. The increase in fine precipitates was related to the increase of dislocation 
density during DCT. Dislocations can act as sites for carbon segregation [36, 54] 
during the zeroth stage of tempering. This would aid faster diffusion of solute (carbon) 
atoms, therefore an increase in dislocation density prior to tempering may result in an 
increased volume fraction of the smaller (~50 Å) particles being precipitated during 
tempering. Further, there was no strong evidence in this study of an increase in volume 
fraction of alloy carbide (M7C3 and M23C6 [M=Fe, Cr, V and Mo]) during tempering 
(200°C) in the 0.5-1 micron scale in deep cryogenically treated AISI D2, in contrast 
to reports by Das [102, 107].  As was argued in this thesis, the thermodynamics do not 
support alloy carbide formation at low tempering temperature.  Also, Da Silva et al 
[179] performed image analysis similar to as conducted in this work and did not find 
these small secondary carbides to precipitate in deep cryogenically treated AISI D2 
tool steel tempered at 210°C.  Sobotova et al [294] did report an increase in fine alloy 
carbide precipitation in Vanadis 6 tool steel, however, this was hardened from a high 
temperature and tempered at 560°C (secondary hardening region), which would be a 
reasonable tempering temperature to observe fine alloy carbides. 
 
It is highly recommended to extend the precipitation study on the model alloys using 
the thoughtful approach of Preciado et al [271], where DIL and DSC were used to gain 
insight into the precipitation kinetics and sequence during tempering.  Specifically, 
they used activation energy values obtained from DIL and DSC to determine the 
transformation temperature for each transformations occurring during tempering, such 
as carbon enrichment, periodic arrangement of carbon enrichment, ε/η carbide 
precipitation, austenite decomposition and ε/η carbide decomposition. Further, the 
output was correlated to substantial work on tempering behaviour of martensite by 
Mittemeijer and other authors [65, 260, 377-379] to show the thermal decomposition 
of 100Cr6 bearing steel subjected to DCT. The same analysis should be performed on 
Fe0.6C which showed higher dislocation density after DCT to see if there is an effect 
on the activation energy and temperature of η/θ carbide formation, adding weight to 
the observed increase in dislocation density. Also, model alloys with differing retained 
austenite (4Ni, 12Ni, 20Ni and 11Cr) could be used to systematically observe the 
effects of quantity of retained austenite transformation on precipitation sequence and 
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activation energies. The above analysis should be performed on both quenched and 
deep cryogenically treated samples using DSC from room temperature to 600°C to see 
the full sequence of precipitation during thermal decomposition of Fe-C alloy. This 
DIL/DSC study could be coupled with further APT and SANS analysis (and possibly 
TEM) on samples tempered from 100-600°C to identify the chemistry, size and 
volume fraction clusters, precipitates and precipitate.   
 
High-stress and low stress abrasion wear test and sliding wear test were performed on 
model alloys and AISI D2 tool steel in tempered condition to understand the effect of 
cryogenic treatment on wear behaviour and to study the role of retained austenite 
transformed during DCT on wear behaviour. The high-stress abrasion wear resistance 
of martensitic steels remained unaffected after DCT except for 20Ni model alloys 
which had a significant transformation of retained austenite to martensite. The results 
from high stress abrasion scratch test were influenced by the hardness of the material, 
harder the material better the wear resistance. Wear normally occurs over numerous 
sequential events, with prior events affecting the local surface properties and therefore 
the subsequent wear events. However, the high-stress abrasion wear test was carried 
out as a single scratch event and may not have replicated the actual high-stress wear. 
Low stress abrasion wear test also showed improvement in alloys with significant 
transformation of retained austenite to martensite, 12Ni and 20Ni model alloy. 
However, the low stress abrasion test in AISI D2 tool steel was influenced significantly 
by the presence of eutectic carbides. There is little to compare this study to in the 
literature. However, the behaviour was related to and the main contributing factor was 
the increase in hardness due to the transformation of retained austenite to martensite 
during DCT.  Some limitation of the present work was due to the equipment as higher 
loads and sliding speed could not be achieved. Also, the low stress abrasion test was 
performed on the same wear track, so the contact surface may change during the testing 
by fracturing, blunting or adhesion of wear debris. 
 
Although high-stress and low stress abrasion wear tests have highlighted abrasive wear 
behaviours of deep cryogenically treated martensitic steels, extended testing could be 
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conducted using standard test methods for low and high stress abrasion, specifically 
ASTM G65 and ASTM B611. These tests allow for the continuous supply of fresh 
abrasive to the contact area, and for a wide range of abrasive sizes and applied loads. 
The test for low and high stress abrasion should be carried out on differing loads to 
determine a critical load where retained austenite may transform and effect wear rate 
through work hardening and TRIP behaviour, confirmed by wear scar cross-sectional 
microstructural characterisation, sub-surface hardness analysis and X-ray diffraction.  
This work would be relevant to mining applications where quenched and tempered 
steels are used extensively as wear parts, and may inform under what tribological 
conditions cryogenically treated steels provide an abrasive wear advantage.  
 
AISI D2 cold work tool steel is extensively used for cold metal forming operations, 
such as sheet metal stamping where speed is usually 1-2 m/s and the contact pressure 
is 100-500 MPa [368]. This condition corresponds to the green zone marked in Lim 
and Ashby wear map, Figure 6-35, where there is a transition between severe 
delamination wear to severe oxidative wear.  Sliding wear tests were performed in this 
region on AISI D2 tool steel austenitised at 1020°C and 12Ni model alloy in both 
quenched-tempered and cryogenically tempered condition. AISI D2 tool steel did not 
show any changes but 12Ni model alloy showed increase wear resistance after DCT 
similar to the result obtained in high and low stress abrasion test. The result showed 
the effects of DCT are minimal in this region of transition between severe delamination 
wear to severe oxidative wear, though wear rate can be reduced with large changes in 
retained austenite, it is worth exploring the sliding wear condition further. These 
conditions (speed [1-2 m/s] and contact pressure [100-500 MPa]) is difficult to achieve 
on a pin-on-disc test without using a ball with a small contact area that changes 
continuously during the test.  It would be better to have constant pressure during the 
test.  Perhaps a sheet metal stamping simulator test could be used to explore such a 
sliding wear condition.  
 
It is recommended to extend the sliding wear study conducted in this work.  As was 
identified in the discussion section of Chapter 6 and mapped on the Lim and Ashby 
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wear map (Figure 6-35), there exists a region of sliding contact pressure and sliding 
speed where a large increase in wear rate was observed in the literature for 
conventionally quenched and tempered steels, and a delay in wear transition (from 
mild delamination wear to severe oxidative wear) was seen for cryogenically treated 
steels.  It was suggested in Chapter 6 that this transition in wear rate may be related to 
the quantity of retained austenite in the steel.  To test this hypothesis, martensitic steel 
with varying amount of retained austenite (AISI D2 tool steel heat treated at various 
austenitising temperature or model alloys with varying amount of Ni or Cr) can be 
tested across the region (1-10 MPa contact pressure and 1-3 m/s sliding speed) to 
understand the correlation of wear behaviour to the amount of retained austenite in the 
alloy. The study should also involve characterisation of the wear cross-section and 
surface topology to determine wear mode and micro-hardness profile measurement 
near the surface region to observe the effect of thermal softening.  This will target the 
effects of retained austenite on the delayed transition (from mild delamination wear to 
severe oxidative wear) seen for deep cryogenically treated martensitic steels and 
answer a long-standing uncertainty on why DCT produces vastly improved wear 
behaviour in only certain conditions.  
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CHAPTER – 9 
APPENDIX 
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Appendix  
Appendix A/ Summary of wear studies in DCT martensitic steels 
Source  Material and heat treatments 
 
RA  
(vol.%) 
 
Hv Test Parameters 
 
Pb 
(MPa) 
Wear rate (WR) and 
Improvement with 
DCT 
(WR, mm3/m) 
Critical assessment/ Mechanistic Insight 
 
Sliding wear studies – Pin-on-disc (POD), Block-on-wheel (BOW), Disc-on-Disc (DOD), Reciprocating BOD (R-BOD) 
 
 
[118] 
 
AISI D6 Tool steel 
A – 980°C, oil quench 
QT- 180°C temper 
DCT - −196°C, 180°C temper 
 
 
 
12 
<1 
 
 
 
~750 
~800 
Unlubricated POD 
Disc – AISI D6 
Pin – unspecified diameter 
Duration – 1000 m 
Speed – 0.05-0.2 m/s 
Load – 120, 180 N 
 
- 
 
~40% reduction in wear 
The reasons for wear improvement after 
DCT are homogenized carbide distribution, 
elimination of retained austenite and higher 
chromium carbide percentage The main 
wear mode was suggested as abrasive wear. 
 
[119] 
 
80CrMo12-5 Cold work tool 
steel 
A – 920°C, oil quench 
QT- 150°C temper 
CT - −80°C, 150°C temper 
DCT - −196°C, 150°C temper 
 
 
 
 
12 
6 
<1 
 
 
 
 
785 
805 
895 
 
Self-mated unlubricated POD 
Pin – unspecified diameter 
Duration – 1000 m 
Speed –0.1-0.2 m/s 
Load – 120, 160 N 
 
 
 
 
- 
 
~30-40%  
reduction in wear 
 
 
 
Wear mode is not extensively reviewed but 
defined as adhesive.  Wear fragments 
transition from plastically deformed to 
fragmented with DCT treatment 
 
Transformation of retained austenite and 
homogenous fine carbide precipitation 
were suggested as a reason for the 
improvement in wear. 12% reduction in 
retained austenite is reported after DCT.  
 
Increase in wear rate with holding time at 
−196° was shown but the difference was 
only within 0.005. Maximum wear 
resistance observed at 48 h holding time 
though not explained  
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Velocity and pressure had little impact on 
wear rate in the tested range   
 
[120] 
 
AISI D2 Tool steel 
A – 950°C, oil quench 
QT- 180°C temper 
DCT - −196°C, 180°C temper 
 
 
 
8 
<1 
 
 
 
~770 
~860 
 
Unlubricated POD 
Disc – AISI D2 
Pin – unspecified diameter 
Duration – 1000 m 
Speed – 0.05-0.15 m/s 
Load – 110 N 
 
 
- 
 
~40% reduction in wear 
 
 
Wear resistance related to the 
transformation of retained austenite and 
nano-scale precipitates.  No clear evidence 
of precipitation. 
 
Predominant wear mechanism is classed as 
adhesive, though looks like delamination 
and possibly oxidative wear 
 
[121] 
AISI M2 
A - 1200°C, salt bath quench 
QT- 560°C temper 
CT - −70°C, 560°C temper 
DCT - −196°C, 560°C temper 
 
 
 
 
~7 
~5 
~4 
 
 
 
~780 
~810 
~820 
Unlubricated POD 
Disc – Cemented carbide 
Pin – 4.5 mm diameter 
AN = 1.6x10-5 m2 
Duration – 2000 m 
Speed – 0.2-0.8 m/s 
Load – 80 N 
 
5 
7-15% reduction in wear 
WR-QT – 3.9x10-7 
WR-DCT – 3.2x10-7 
WN –  
2.4x10-8 
 
 
Transformation of retained austenite does 
not significantly affect improvement in 
wear resistance.  
 
Wear rate decreases with increasing speed 
 
[22] 
 
AISI D2 
A – 1050°C, quench 
QT- 180°C temper 
CT - −50°C, 180°C temper 
DCT - −180°C, 180°C temper 
 
 
 
 
~11 
~6 
~6 
 
 
 
- 
 
Unlubricated self-mated BOW 
Block – 25x50x10 mm  
Wheel – 30 mm dia. 25 mm 
width 
Hertzian contact,   
AN = 1x10-5 
Duration – 200 m  
Speed – 
 0.5 - 3.62 m/s 
Load – 21 N 
 
2.6 
 
5 – 85% reduction in 
wear, speed dependent  
 
WR-QT –  
~20-50x10-6  
WN –  
2-5x10-8 
WR-DCT –  
~18-x10-6 
WN –  
1.8x10-8 
Wear resistance improvement varied with 
sliding speed, with a clear transition from 
mild to severe wear occurring at ~2.5 m/s 
for the quenched and tempered AISI D2. 
The DCT AISI D2 showed only slight 
increase in wear rate with speed over this 
range.   
 
Wear improvement by DCT was attributed 
to the precipitation of eta-carbides, and the 
effects of retained austenite transformation 
were dismissed.  
 
Wear mode was not specified 
 
[160] 
 
ASTM 52100 
A – 820°C, oil quench 
QT- 200°C temper 
CT - −50°C, 200°C temper 
DCT - −180°C, 200°C temper 
 
 
 
 
6.4 
4.4 
4 
 
 
 
- 
Unlubricated BOW 
Block AISI 52100 – 25x50x10 
mm  
Wheel – hard alloy of HV780, 
30 mm dia. 25 mm width 
Hertzian contact,   
AN = 1x10-5 
 
5.9 
 
5 – 20% reduction in 
wear, speed independent  
 
WR-QT – 4.2x10-4  
WN – 4.2x10-5 
WR-DCT – 3.3-x10-4 
 
Wear resistance improvement was due to 
the favourable distribution of carbide and 
recovery of martensite. 
 
Sliding speed had little effect on the 
measured range 
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Duration – 200, 400, 600 m  
Speed –0.25 - 2.41 m/s 
 Load – 60 N 
WN – 3.3x10-5 
 
 
[11] 
 
AISI M2 
A – 1200°C, vacuum quench 
QT- 550°C temper 
DCT - −196°C, 550°C temper 
 
 
 
- 
 
 
826 
888 
 
Unlubricated DOD 
100Cr6 64HRC material 
Duration – 5000 m 
Speed – 0.8 m/s 
Load – 150 N 
 
 
- 
 
~40% reduction in wear 
 
WR-QT – 4.8x10-7  
WR-DCT – 2.9-x10-7 
 
TEM analysis of sub-microscopic 
microstructure could be vital for effective 
metallurgical interpretation. 
 
Tempered martensite detwinning was 
observed in DCT samples – reason not 
given 
 
[139] 
 
AISI M2 and D3 
A – unspecified 
QT- 150°C temper 
DCT - −180°C, 150°C temper 
 
 
 
 
0 
0 
 
 
 
- 
Unlubricated POD 
Disc – grinding wheel 
Pin – 5 mm diameter 
AN = 2x10-5 m2 
Duration – 1000 m 
Speed –0.2-0.7 m/s 
Load – 20, 30, 50 N 
 
1-2.5 
 
15-50%  
reduction in wear for 
both grades, 
generally increasing 
with increasing speed 
and load 
 
The mechanism responsible for 
improvement in wear resistance after DCT 
should be isothermal in nature as soaking 
time had an effect on wear behaviour 
 
[122] 
 
EN 353 
Carburised – 910°C 
A – 820°C, oil quench 
QT- 150°C temper 
CT - −80°C, 150°C temper 
DCT - −196°C, 150°C temper 
 
 
 
 
- 
 
 
 
 
~745 
~765 
~765 
 
Self-mated unlubricated POD 
Pin – 10 mm diameter 
AN = 7.9x10-5 m2 
Duration – 1500-3000 m 
Speed –1.94-4.44 m/s 
Load – 60, 70, 80 N 
 
 
 
 
0.8-1 
 
20- 60% reduction in 
wear, dependant on 
speed 
 
WR-QT –  
0.5-4x10-3 
WR-DCT –  
0.1-1x10-3 
WN –  
0.3-7-x10-4 
 
Wear resistance improvement varied with 
sliding speed, with a clear transition from 
mild to severe wear occurring at ~2.5 m/s 
for the quenched and tempered AISI D2. 
The DCT AISI D2 showed only slight 
increase in wear rate with speed over this 
range.   
 
 
Wear improvement due to the 
transformation of retained austenite to 
martensite and increased volume fraction, 
homogenous distribution and refinement of 
carbides. However, neither retained 
austenite or precipitates were observed or 
quantified.  
 
Transition in wear rate at ~2.5 m/s, Wear 
rate increased with load but not as 
influential in the tested range 
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Wear mode was not specified 
 
[107] 
 
AISI D2 Tool steel 
A – 1020°C, air cooled 
QT- 210°C temper 
DCT - −196°C, 210°C temper 
 
 
 
10 
<2 
 
 
 
731 
767 
 
 
Unlubricated POD 
Disc – Tungsten carbide 
coated EN35 steel disc with 
Ra<1µm  
Pin – 4 mm diameter 
AN = 1.2x10-5 m2 
Duration – unspecified 
Speed – 1.5 m/s 
Load – 50, 70, 80 N 
 
4-6.3 
 
90% reduction in wear 
at 50, 70 N 
25% reduction in wear 
at 80 N 
Soft retained austenite in the conventional 
sample causes severe plastic deformation, 
which is markedly absent in the 
cryogenically treated samples.  
 
Severe plastic deformation associated with 
delamination is considered to be the active 
wear mechanisms in the conventionally-
treated specimens whereas delamination 
coupled with oxidation was the main wear 
mode for cryogenically treated sample 
 
Degree of wear resistance improvement is 
dependent on the applied load and the 
presence of numerous ultrafine carbides in 
cryogenically treated steels 
 
 
[102] 
 
AISI D2 Tool steel 
A – 1020°C, air cooled 
QT- 210°C temper 
DCT - −196°C, 210°C temper 
 
 
 
10 
0 
 
 
 
759 
820 
 
 
Unlubricated POD 
Disc – Tungsten carbide 
coated EN35 steel disc with 
Ra<1µm  
Pin – 4 mm diameter 
AN = 1.2x10-5 m2 
Duration – unspecified 
Speed – 2 m/s 
Load – 10 - 100 N 
 
 
0.8-8 
 
20-30% reduction in 
wear at a load range of       
10-30 N 
 
80-90% reduction in 
wear at a load range of       
30-70 N 
 
30-40% reduction in 
wear at a load range of 
70 -100 N 
The transition from mild oxidative to severe 
metallic wear delayed. No images of wear 
of DCT in severe range or CT in mild range 
is given 
 
An increase of transition load by cryogenic 
treatment is attributed to the near complete 
removal of retained austenite along with an 
increase in the volume fraction and 
refinement of hard secondary carbides 
 
Harder subsurface minimises cracking and 
delamination in DCT 
 
[123] 
 
AISI D2 Tool steel 
A – 1020°C, air cooled 
QT- 210°C temper 
DCT - −196°C, 210°C temper 
 
 
 
10 
0 
 
 
 
744 
793 
 
 
Unlubricated POD 
Disc – Tungsten carbide 
coated EN35 steel disc with 
Ra<1µm  
Pin – 4 mm diameter 
AN = 1.2x10-5 m2 
 
6.3-11.1 
 
34-88% reduction in 
wear, decreasing with 
increasing load  
 
120 N WR-QT – 
0.49x10−3 
Improvement due to homogenised carbide 
distribution and elimination of retained 
austenite 
 
The characteristics of the worn surfaces and 
the generated wear debris, under the tested 
wear conditions, indicate that the operative 
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Duration – unspecified 
Speed – 2 m/s 
Load – 80, 100, 120, 140 N  
 
 
120N WR-DCT – 
0.32x10−3  
WN –  
2-3x10-5 
 
 
 
wear mechanism is deformation-induced 
delamination for all the specimens. The 
subsurface features of the worn specimens 
suggest that the wear debris is generated by 
the fracturing of the white layer, formed 
due to severe plastic deformation of the 
subsurface. 
 
Correlation of the examined 
microstructures with their wear behaviour 
unambiguously establishes that substantial 
modification in the precipitation behaviour 
of SCs and reduction in retained austenite 
content are the governing mechanisms for 
the improved of WR of tool/die steels by 
DCT. 
 
[124] 
 
AISI D2 Tool steel 
A – 1020°C, air cooled 
QT- 210°C temper 
DCT - −196°C, 210°C temper 
 
 
 
10 
0
  
 
 
 
 
 
 
744 
793 
 
 
Unlubricated POD 
Disc – Tungsten carbide 
coated EN35 steel disc with 
Ra<1µm  
Pin – 4 mm diameter 
AN = 1.2x10-5 m2 
Duration – unspecified 
Speed – 2 m/s 
Load – 30, 60, 120 N 
 
 
2-9.5 
 
30-90% reduction in 
wear, decreasing with 
increasing load 
Very similar to [102, 107, 123]with more 
analysis of wear surfaces. 
 
Wear mechanism changes with applied 
load. Transition observed from mild 
oxidative to sever metallic wear.  
 
30-40 N  
QT and DCT– Mild oxidative wear with 
grooves, carbide pull out and cracking  
60-90N 
QT – Severe deformation induced 
delamination, metal platelet debris 
DCT -  Mild oxidative wear with grooves, 
carbide pull out and cracking 
120N and above 
QT and DCT -  Severe deformation induced 
delamination, metal platelet debris 
 
[104] 
 
AISI D2 Tool steel 
A – 1020°C, air cooled 
QT- 210°C temper 
  Unlubricated POD 
Disc – Tungsten carbide 
coated EN35 steel disc with 
Ra<1µm  
 
5-8 
 
30-90% reduction in 
wear, decreasing with 
increasing load 
 
Similar study to [124], but claimed a 
transition from mild oxidative to severe 
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DCT - −196°C 24/36h, 210°C 
temper 
Pin – 4 mm diameter 
AN = 1.2x10-5 m2 
Duration – unspecified 
Speed – 1 and 2 m/s 
Load – 50, 100 N 
 
Wear rate increases with 
speed 
metallic wear by increasing the speed from 
1 to 2 m/s at a load of 100N 
 
[99] 
 
AISI D2 Tool steel 
A – 1020°C, air cooled 
QT- 210°C temper 
DCT - −196°C 25/36h, 210°C 
temper 
  Unlubricated POD 
Disc – Tungsten carbide 
coated EN35 steel disc with 
Ra<1µm  
Pin – 4 mm diameter 
AN = 1.2x10-5 m2 
Duration – unspecified 
Speed – 2 m/s 
Load – 80, 100, 120 N 
 
6.3-9.5 
 
60-75% reduction in 
wear, decreasing with 
increasing load 
Largely the same as previous studies. 
However, a DCT soaking time of 36 h 
produced the lowest wear rate. 
An increase in small secondary carbides 
was offered as the reason, without 
mechanistic insight.  
 
[150] 
 
AISI A2, D6 and M2 Tool steel 
Annealed – 850°C, furnace 
cooled 
DCT - −196°C 
 
- 
 
- 
 
Unlubricated R-BOD 
Ball - 5 mm dia. zirconia 
Load – 80 N 
Stroke – 10.7 mm 
Reciprocating frequency – 
5Hz 
Sliding speed- 0.002 m/s 
Duration –200 m 
  
 
3500 
 
Material dependent 
reduction in wear, 
 
AISI A2,  26% 
AISI D6,  5% 
AISI M2, 26% 
DCT done on annealed tool steels 
 
Wear improvement due to fine pearlite 
phase and uniform microstructure 
 
Carbide precipitation increased by DCT 
due to the reduced solubility of alloying 
elements in ferrite/austenite interface 
during cryogenic cooling, thereby creating 
new nucleation sites. 
 
 [125] 
 
AISI M2 
Commercial quenched and 
tempered drill bits 
QT- 150°C temper 
DCT - −196°C, 150°C temper 
 
 
 
 
 
10 
1 
 
 
 
 
~750 
~940 
 
 
 
Unlubricated POD 
Disc – AISI 52100 
Pin – 8 mm diameter 
AN = 5x10-5 m2 
Duration – 1800 m 
Speed – 1.5 m/s 
Load – 50, 70, 90 N 
 
 
1-1.8 
 
40-50% reduction in 
wear 
The primary reason that can be attributed 
for the enhanced hardness of AISI M2 HSS 
is the conversion of soft retained austenite 
into relatively hard martensite. Refinement 
and homogenous distribution of secondary 
carbides also contribute to increase 
hardness. 
 
The degree of improvement in wear rate 
depends on the wear test conditions, which 
govern the wear mode and mechanism.  
Rigorous mode of wear is identified as 
extensive plastic deformation for CQT 
AISI M2 HSS, whereas mild mode of wear 
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is identified as combined effects of the 
formation of oxides and pull-out of carbides 
for shallow and DCT AISI M2 HSS. 
 
The hardness of AISI M2 HSS increases by 
7.76% after subjecting the material to 
cryogenic treatment.  
 
 
[143] 
 
 
P/M Cold work and high-speed 
tool steels 
A – 1070-1130°C, gas quench 
QT- 500-585°C temper 
DCT - −196°C, 500-585°C 
temper 
 
 
 
<1 
<1 
 
 
 
~800 
~800 
 
Unlubricated R-BOD 
Ball - 32 mm dia. WC 
Load – 83 N 
Stroke – 4 mm 
Reciprocating frequency – 
15Hz 
Sliding speed- 0.12 m/s 
Duration –250 m 
 
 
1200 
 
No reduction in wear 
 
This studies provided no meaningful 
insights into wear behaviour, though there 
was an indication of improved fracture 
toughness resulting from DCT 
   
Wear mode was not specified 
 
 
 
[12] 
 
MnSiCr bainite/martenite steel 
A – 880°C, water quench 
QT- 280°C temper 
DCT - −196°C, 280°C temper 
 
 
 
 
8.5 
6.8 
 
 
 
~390 
~410 
Unlubricated POD 
Disc – unspecified 
Pin – 4 mm diameter 
AN = 1.2x10-5 m2 
Duration – 1500 m 
Speed – 0.2 m/s 
Load – 200 N 
 
16 
 
8% reduction in wear 
Wear mode was reported as delamination 
wear. 
 
Wear resistance increase due to 
transformation of retained austenite and 
precipitation of carbides 
 
 
[291] 
 
20MnCr5 
Carburised to 0.8C 
850°C, WQ 
Tempered 150°C 
DCT - −196°C, 150°C temper 
Carburised to 1.0C 
850°C, WQ 
Tempered 150°C 
DCT - −269°C, 150°C temper 
 
 
 
 
 
9 
3 
 
 
31 
10 
 
 
 
 
~800 
~820 
 
 
- 
- 
 
 
Unlubricated POD 
Disc – Cold work tool steel, 
58Rc 
Pin – 10 mm diameter 
AN = 7.9x10-5 m2 
Duration – 30 m 
Speed – 0.4 m/s 
Load – 300 N 
 
3.8 
 
10% reduction in wear 
for 0.8C carburising 
 
50% increase in wear 
rate for 1.0C carburising 
 
No meaningful explanation for increased 
wear rate with more retained austenite 
transformation.  
 
DCT at −269°C did not have any benefits 
 
[90] 
 
AISI W9 Tool steel 
A – 1230°C, gas quench 
 
 
 
 
 
 
 
Unlubricated BOW 
Block AISI W9 – 30x7x6 mm  
 
160 
 
50% reduction in wear  
Much higher tempering than most DCT 
studies, in the secondary hardening region. 
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QT- 560°C temper 
DCT - −196°C, 560°C temper 
- 
- 
~830 
~860 
Wheel – AISI 52100, 64 Rc 
40 mm dia. 7 mm width 
Hertzian contact,   
AN = 0.8x10-5 
Duration – 3000 m  
Speed –0.4 m/s 
 Load – 100 N 
 
The improvement in wear resistance by 
sub-zero treatment is attributed to the 
matrix strengthening by finer secondary 
carbides, the formation of more and finer 
twinning, transformation of  retained 
austenite to martensite 
 
No mechanism offer as to why increased 
number density of finer secondary carbides. 
 
Retained austenite was not measured. 
 
[292] 
 
AISI M2 High speed tool steel 
A – 1230°C, gas quench 
QT- 500°C temper 
QT- 600°C temper 
DCT - −196°C, 500°C temper 
DCT - −196°C, 600°C temper 
 
 
 
26 
<1 
<1 
<1 
 
 
 
 
722 
834 
834 
834 
 
Unlubricated R-BOD 
Ball – 12 mm dia. Si4N 
Load – 50 N 
Stroke – 7 mm 
Reciprocating frequency – 
2Hz 
Sliding speed- 0.02 m/s 
Duration –200 m 
 
1200 
 
10% reduction in wear 
at 500°C temper 
 
No reduction in wear at 
600°C temper 
 
Increase in hardness is due to the 
transformation of retained austenite.  
 
Furthermore, samples D and H which had 
similar RA (0%) showed similar wear rate. 
 
[293] 
 
SAE8620 
A – 920°C, oil quench 
QT- 200°C temper 
DCT - −185°C, 200°C temper 
 
 
 
 
0.8 
0.3 
 
 
 
~400 
~400 
 
Unlubricated POD 
Disc – AISI 52100 
Pin – 8 mm diameter 
AN = 5x10-5 m2 
Duration – 3000 m 
Speed – 2.5 m/s 
Load – 60 N 
 
1 
 
18.5%  reduction in 
wear 
Finer tempered martensitic needles, fine 
bainitic structure and decrease in retained 
austenite. 
 
Maximum improvement observed at 16 h 
soak 
 
[127] 
 
AISI D3 
A – 950°C, oil quench 
QT- 150°C temper 
DCT - −180°C, 150°C temper 
 
 
- 
 
 
 
 
~720 
~720 
 
Unlubricated POD 
Disc – AISI 52100 
Pin – 5 mm diameter 
AN = 2x10-5 m2 
Duration – 6000 m 
Speed – 3 m/s 
Load – 50 N 
 
2.5 
 
90% reduction in wear 
No change in hardness 
 
Fine precipitation was provided as the 
reason, though not quantified. 
 
Wear mode from delamination to abrasive 
(though could be oxidative) 
 
[126] 
 
EN31 
A – 820°C, oil quench 
QT- 150°C temper 
DCT - −196°C, 150°C temper 
 
- 
 
 
 
 
 
659 
826 
 
Unlubricated POD 
Disc – Unspecified grinding 
wheel 
Pin – 5 mm diameter 
 
1-2.5 
 
 
30-40% reduction in 
wear 
Large change in hardness observed in DCT 
samples, the reasoning was not specified  
 
Transformation of retained austenite and 
micron-sized carbide precipitation 
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 AN = 2x10-5 m2 
Speed – 0.5-1.5 m/s 
Load – 20, 30, 50 N 
Wear decreased with 
speed and increased with 
load 
reasoned for improved wear resistance after 
DCT 
 
[294] 
 
P/M ledeburitic steel Vanadis 6 
A – 1050°C, gas quench 
QT- 530°C temper 
DCT - −196°C, 10 h, 530°C 
temper 
 
 
 
 
0 
0 
 
 
 
~750 
~720 
 
Unlubricated POD 
Disc – Vanadis 6 
Pin – 6 mm diameter 
AN = 2.8x10-5 m2 
Speed – 0.064 m/s 
Load – 5 N 
 
 
1.7 
 
20% reduction in wear 
DCT caused a reduction in hardness, which 
was unexplained. 
 
A higher number density of sub-micron 
chromium carbides was suggested as the 
reason for improved wear. This increased 
fraction of small carbides may be possible 
as the steel was tempered in the secondary 
hardening region. 
 
[88] 
 
SR34 steel piston rings 
  Reciprocatory Friction and 
Wear Monitor As per ASTM 
G181 & G133 
Reciprocatory speed – 1 to 
30Hz 
Load is applied vertically 
Specimen reciprocating over 
Silicon Carbide flat plate at 
Load - 5N 
Reciprocating Frequency – 
5Hz 
Stroke length – 10mm 
Duration – 1 h 
  
Improves the wear 
resistance by 43.8% 
 
Process parameters, such as cooling rate, 
soaking temperature, soaking period and 
tempering temperature were analysed as 
factors affecting wear resistance 
improvement and found soaking period to 
be more influential and tempering 
temperature as least significant. 
 
Abrasive and other types of wear testing 
 
 
[87] 
 
Tool steels AISI D2, M1-2, A1-
10, S7, O1, H13, P20 
Austenitic and martensitic 
stainless steel 
High and low carbon steels 
 
All sample were treated with 
unspecified conventional quench 
and temper process, prior to 
 
- 
 
- 
 
POW Abrasive wear test 
Sample Diameter - 12.7mm  
Unspecified coarse grit 
alumina grinding wheel 
Test Duration – 15 min 
Speed – 0.48 m/s 
Load – 420 N 
 
 
3.7 
 
Variable reduction in 
wear rate 
87% reduction for  
AISI D2 
57% reduction for   AISI 
M2 
10% Reduction for  
AISI A2 
 
In contrast to the majority of studies, DCT 
was performed after tempering.  The details 
of hardening and tempering were not 
provided. 
 
The authors proposed that retained material 
that experienced a greater fraction of 
austenite transformation resulting from 
DCT produced low wear rate.  However, 
retained austenite was not quantified.  
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DCT at −196°C. No tempering 
was performed after DCT.  
 
 
 
 
Analysis of wear surfaces was not 
provided. 
 
[128] 
 
AISI M2 Tool steel 
A – 1250°C, oil quench 
QT- 560°C triple temper 
DCT - −196°C, 560°C triple 
temper 
 
 
 
 
25 
0 
 
 
 
 
795 
828 
 
Abrasive POD 
Disc – 15µm (600 mesh) to 
180µm (80 mesh) alumina 
abrasive paper 
Pin – 5 mm diameter 
AN = 2x10-5 m2 
Duration – 3 m 
Speed – 0.11 m/s 
Load – 10 N 
 
 
0.5 
 
Minimal  
~3% reduction in wear 
at both abrasive sizes 
The quantification technique for retained 
austenite content was not directly provided, 
nor microstructural or XRD analysis 
provided.  
 
The large reported difference in retained 
austenite did not affect abrasive wear 
behaviour. The authors raised the 
possibility that under the conditions of 
testing that the retained austenite may 
work-harden or transform to martensite, 
producing equivalent wear rates in both 
treatment variants.  This was not shown. 
 
[136] 
 
AISI D2 powder metallurgy tool 
steel 
A – 1080°C, oil quench 
QT- 200°C temper 
DCT - −196°C 1-70h soak, 
200°C temper 
 
 
- 
 
 
 
 
 
~720 
~850 
 
Abrasive POD 
Disc – 220 mesh flint abrasive 
paper 
Pin – 6 mm diameter 
AN = 2.8x10-5 m2 
Duration – not specified 
Speed – 0.004 m/s 
Load – 37 N 
 
 
1.3 
 
Minimal effects 
15% reduction in wear 
at a DCT soak time of 
36 h 
P/M tool steel was selected as this provided 
a more homogenous distribution of smaller 
carbides, limiting the interaction between 
abrasive and matrix. 
 
No meaningful insights into abrasive wear 
behaviour were provided.  
 
Retained austenite was suggested to be a 
factor, but not quantified before or after 
DCT. 
 
[5] 
 
AISI D2 Tool steel 
A – 970-1070°C, oil quench 
QT- 200°C temper 
DCT - −196°C, 200°C temper 
  Struers Abrapol-2 Micro wear 
tester 
Sample – 7x10mm 
Abrasive – 80/220/500 grit 
alumina slurry 
Duration, speed and load 
unspecified  
 
  
Minimal improvement 
in wear rate, 
1.5-3% 
No meaningful insights into wear 
behaviour. 
 
The lowest wear rate was observed for the 
DCT AISI D2 austenitised at the lowest 
temperature.  This suggests the conversion 
of retained austenite by DCT was not a 
factor in these tests. 
 
[380] 
 
High Cr Cast iron 
  M-200 abrasion experimental 
tester Sample – 50mm 
diameter 
  
Improvement observed 
 
Wear improvement due to the 
transformation of retained austenite to 
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150 grit alumina cloth 
Load – 50N 
Rotational speed – 200rpm 
Time – 3min 
Mass loss was measured 
martensite. However, the transformation is 
not complete. 
 
[381] 
 
High Cr white cast iron 
  M-200 abrasion experimental 
tester 150 grit alumina cloth 
Load – 50N 
Rotational speed – 200rpm 
Weight loss was measured 
  
Improvement observed 
 
Amount of precipitated M23C6, secondary 
carbide was more in cryogenic samples 
[382] 
 
 
 
AISI H13 tool steel 
 
 
 
  Abrasion wear test 
Tested in silica sand bath with 
abrasive SiO2 particle (0.4-0.6 
mm) 
Speed - 60 rpm 
  
 
Improvement observed 
 
Retained austenite transformation, uniform 
martensite lath size and increased 
precipitation of fine carbides 
 
[383] 
 
 
PM S390 MC – High speed steel 
  Erosion wear test 
Quartz sand with grain size 
0.063-0.3555 mm was blasted 
to the test surface at an angle 
of 90° 
  
Improvement observed 
 
Improvement due to creation of η-carbide 
in the matrix 
 
[6] 
 
AISI M2 tool steel 
  Drilling test 
Holes were drilled in CK40 
carbon steel block at 50mm 
hole depth, 0.11mm/rev feed 
rate and 350m/min cutting 
speed 
  
 
Improvement observed 
 
Retained austenite transformation, and  
increased precipitation of fine carbides 
 
[153] 
 
Lathe tool alloy 
  Lathe tool wear test 
Machining on a 5-inch 
diameter steel billet at 70sfpm 
surface speed 
  
> 2 times improvement 
in lifetime ratio 
 
Wear rate increased after aging at room 
temperature before DCT. 
 
[145] 
 
AISI 4340 
  Tool wear test 
Depth of cut – 1.27mm 
Feed rate – 1.9mm/rev 
Cutting speed – 61 & 
91.5m/min 
Measured every 3 min 
  
72% lower mass loss 
rate 
 
Trend of mass loss rate shows it’s a 
function of content of η-carbide regardless 
of tempering condition 
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[139] 
 
M2 and D3 Tool steel 
  Flank wear test 
Back rake angle – 0° 
Side clearance angle – 6° 
Top rake angle – 8° 
End clearance angle – 6° 
Cutting edge angle – 90° 
Nose radius – 0mm 
Interval – 10min 
  
M2 = 86.6% 
D3 = 48% 
Improvement observed irrespective of the 
material and DCT imparts better red 
hardness for D3 than M2 steel. 
Wear properties of deep cryogenic treated 
samples outperformed TiN coated samples, 
however, TiN coated cryogenically treated 
samples can give 45% extended tool life 
than only cryogenically treated sample. 
 
[384] 
 
EN-GJL-250 lamellar graphite 
cast iron 
  Impact Wear test 
Testing at high impact regime 
Reciprocating hammer type 
rig was used, where a 15 mm 
chrome steel ball impinges 
normally to the specimen 
surface at 10 Hz (impacts per 
second). 
Hardness of ball = 700-900Hv 
Surface roughness = 0.125µm 
Specimen diameter =  50mm 
  
Improvement observed 
 
More studies required to establish the 
findings 
EN-1A low carbon steel    
 
[385] 
 
Cr-Mn-Cu white cast iron 
  Laboratory ball mill 
Ball mill - 40 cm diameter and 
40 cm length 
Run with 30 ball charge 
The ball mill contained 2 kg of 
hematite iron ore with an 
initial size range of 0.5–
1.7mm as abrasive material 
Rotation – 48rpm @ 75% 
critical velocity 
Both dry and wet cycle the 
milling was done for 4 cycles, 
each cycle with 5 h and after 
every cycle the charge as 
replaced with fresh iron ore 
Weight loss determined 
  
Improvement in wear 
resistance observed 
 
DCT Cr-Mn-Cu alloy can be a substitute 
for high chromium cast iron as a grinding 
media 
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Appendix B / APT reconstruction  
Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C Q 
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Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C Q + 24 h DCT 
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Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C Q + T 
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Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C Q + 24 h DCT + T 
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Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C-4Ni Q + 24 h DCT 
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Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C-20Ni Q + 24 h DCT 
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Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C-20Ni Q + 24 h DCT + T 
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Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C-11Cr Q + 24 h DCT 
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Sample Condition FIB image – Tip profile –Reconstructed image 
Fe-0.6C-11Cr Q + 24 h DCT + T 
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